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ABSTRACT

Defect Engineering and Interface Phenomena in Tin Oxide
Arwa Abdullah Albar
The advance in transparent electronics requires high-performance transparent conducting oxide materials. The microscopic properties of these materials are sensitive
to the presence of defects and interfaces and thus fundamental understanding is required for materials engineering. In this thesis, first principles density functional
theory is used to investigate the possibility of tuning the structural, electronic and
magnetic properties of tin oxide by means of defects and interfaces. Our aim is to
reveal unique properties and the parameters to control them as well as to explain the
origin of unique phenomena in oxide materials.
The stability of native defect in tin monoxide (SnO) under strain is investigated
using formation energy calculations. We find that the conductivity (which is controlled by native defects) can be switched from p-type to either n-type or undoped
semiconducting by means of applied pressure. We then target inducing magnetism in
SnO by 3d transition metal doping. We propose that V doping is efficient to realize
spin polarization at high temperature.
We discuss different tin oxide interfaces. Metallic states are found to form at the
SnO/SnO2 interface with electronic properties that depend on the interface terminations. The origin of these states is explained in terms of charge transfer caused
by chemical bonding and band alignment. For the SnO/SnO2 heterostructure, we
observe the formation of a two dimensional hole gas at the interface, which is sur-
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prising as it cannot be explained by the standard polar catastrophe model. Thus, we
propose a charge density discontinuity model to explain our results. The model can
be generalized to other polar-polar interfaces.
Motivated by technological applications, the electronic and structural properties
of the MgO (100)/SnO2 (110) interface are investigated. Depending on the interface
termination, we observe the formation of a two dimensional electron gas or spin
polarized hole gas.
Aiming to identify further key parameters, we examine O deficient LaAlO3 /SrTiO3
(110) and (001) superlattices under hydrostatic pressure. Presence of O vacancies
results in formation of a two-dimensional electron gas, for which we observe a distinct
spatial pattern of carrier density that depends strongly on the amount of applied
pressure.

6

ACKNOWLEDGEMENTS

I start with the name of ALLAH the most merciful and the most beneficent, who
guided me through my research work. This dissertation would not have been possible
without the inspiration and support of many individuals. I am so grateful to all of
them for their efforts to make this thesis possible.
First and foremost, I would like to express my deepest appreciation to my supervisor, Prof. Udo Schwingenschlögl for his guidance, constant encouragement, valuable
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Chapter 1
Introduction

1.1

Materials Background

Nanomaterials engineering is the science to control physical, chemical, and electronic
properties at atomic level which is required to enhance and control the performance
of electronic devices. This is done by characterization of the structural and electronic
properties of nanostructured materials which requires both experimental and theoretical materials modeling analysis. However, when computational resources were
modest the use of materials modeling was limited. Recent years have witnessed a significant advance in computational power which provides access to heavy calculations
in materials modeling in which numerical solutions are obtained for theoretical models
such as Density functional theory, Molecular dynamic and Monte Carlo method. Future electronics demand materials with functional properties such as sensors, flexible
energy storage batteries, drug delivery vehicles, and memory devices [1].
Transparent or invisible electronics have been found to provide rich functionality
required for the next generation of electronics. The transparency requires materials
with large band gap (3 > eV) to avoid absorption in the visible optical range, a
property obtained in insulators; however, electronic devices require high mobility of
carriers such as that provided by semiconductors/metals. In that sense, transparent conducting oxide materials (TCO) are exceptional because they combine optical
transparency and high mobility of carriers in a single material which is unusual. These
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materials typically have a wide direct band gap of 3.1 eV ≥ for transparency while the
high conductivity is obtained either by the presence of point defects or indirect band
gap [2]. The fact that this combination is inherited in the raw materials brought great
technological interest in order to apply them in transparent electronic devices such as
in liquid crystal displays, smart windows, touch-screens and solar-cells. An obvious
application is transparent display which was first suggested in a science fiction novel
in 1930s [3]. Recent advances in transparent electronics led to a mass production of
transparent displays in 2011 [4], see Fig. 1.1. Indium tin oxide is currently the most
common TCO material; however, the high cost of indium (due to limited supply and
high demand) increased efforts to find alternative TCO materials [5].

Figure 1.1: Transparent display technology: (a) Visualized in 1930s by science fiction
novel. Figure reproduced from Ref.[3]. (b) Transparent displays by Samsung in 2011.
Figure reproduced from Ref.[4].
Despite the fact that electronics based on n-type TCO have been already commercialized, the low hole mobility of p-type TCO limits the applications since efficient
devices require matching electronic properties. This shortcoming is caused by the
fact that the valence band maximum of most oxides is dominated by localized O p
states (due to the high electronegativity of O) which thus have large effective mass
yielding low hole mobility in most oxides [6]. In order to get better insight to the
problem, we provide in Fig. 1.2 the results of a previous study which calculated the
effective masses for 3,052 oxide materials [7]. The results demonstrate that there
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are few known p-type oxides (with large effective mass) as compared to n-type oxides suggesting that a p-type oxide with high hole mobility is rare. A new route in
p-type TCO was discovered while trying to explain the uncommon hole mobility of
CuAlO2 , basically by the observed significant hybridization between O p states and
3d 10 orbitals [8]. It is found that the localization of O p states is minimized by doping valence band maximum with degenerate metallic states which unfortunately not
always conserve the transparency of the materials. This discovery has led to further
investigation of p-type oxide alternatives [9]. Recently, SnO p-type oxide is getting
attention after a record hole mobility was reported in SnO thin films and devices [10].

Figure 1.2: Effective mass of a wide range of oxide materials [7].
Interestingly, oxides exhibit a broad range of phenomena (e.g. metal-insulator
transitions) due to electron-electron and electron-lattice interactions caused by the
high electronegativity of oxygen. For instance ultrafast metal-insulator transition [11],
superconductivity [12] and magnetoresistance [13] have been reported. In addition,
oxide properties are found to be strongly sensitive to strain and defects providing
a reliable tool to manipulate and functionalize these phenomena [14]. While oxides
already exhibit many interesting properties in the bulk, new phenomena can be realized at oxide interfaces that do not exist in the parent bulks such as two dimensional
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electron gas (2DEG), magnetism and high temperature superconductivity. Recent
development in thin films synthesis techniques has provide access to the rich science
of oxides interfaces [15]. It has been reported that the transistors based on metal oxides consume less power than silicon transistors [16]. This is due to the fact that they
encounter quantum interactions that have huge effect on the materials properties.
On the other hand, as obtained for traditional semiconductors point defects control
the electronic properties of oxides, in particular the type and mobility of carriers.
Efficient applications require control over properties and thus full understanding of
the role of defects.

1.2

Oxide Heterostructures and Interfaces

The interface is considered the foundation of all semiconductor technology accomplished today as well as have been a field of discoveries in material science such as
solar cells and transistors. This is why the Nobel laureate Herbert Kroemer stated
that “the interface is the device”. The interplay between charge, spin, lattice, and
orbital degrees of freedom at oxide interfaces can be engineered to realize new states
of matter as well as many interesting phenomena [15], see Fig. 1.3. While oxide interfaces offer further opportunities, they also bring some challenges as the physics of
oxides interfaces is widely unexplored (e.g. origin of interface magnetism) due to the
only recent ability to grow oxide heterostructures with atomic precision such as using
pulsed laser deposition and molecular beam epitaxy. The possibility of integrating
two different oxide materials allows materials designing and thus realize unique electronic systems, such as the 2DEG [17]. Also, realizing better properties would be
a major goal such as higher mobility and charge density of 2DEG. As compared to
conventional semiconductors, oxides have wider range of possible structures which
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thus allow tremendous possibility for materials design.

Figure 1.3: The interplay between different degrees of freedom at oxide interface.
It is important to distinguish between the heterostructures and interfaces models
as in some cases their use are mistakenly mixed. The term “heterostructure” refers
to the formation of cake-like stacking slabs of two materials where each material is
composed of a few atomic layers. On the other hand, the “interface”, also denoted
by thin-film or slab model, consists of a contact between two bulk materials along
with a thick vacuum which avoids the interaction with the interface images imposed
by applying periodic boundary condition in most simulation codes.

1.2.1

Origin of 2DEG at Oxide Interfaces

One of the major advance in electronic devices is the realization of 2DEG at semiconductor interfaces (e.g. AlGaN/GaN interface [18]), where the motion of carriers
is restricted to two dimensions and quantized normal the interface direction. The
2DEG is interesting for both their physics and applications since it allows forming
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high concentration of carriers without further doping which avoids scattering with
dopants that lowers the mobility. Thus, the 2DEG combines high concentration of
carriers with high mobility which has applications in field-effect transistor and giant
magnetoresistance devices. Moreover, the physics of 2DEG is different exhibiting
for instance quantum hall effect. In 2004, an experimental work by Ohtomo and
Hwang revealed the formation of 2DEG between wide band gap oxides LaAlO3 and
SrTiO3 , in particular at TiO2 /LaO interface while SrO/AlO2 was found insulating
[20]. The extraordinary high charge density [19] and high mobility [20] of this electron
gas brought great interest to oxide interfaces, in particular to the origin of 2DEG at
oxide interfaces.
While the origin of 2DEG in conventional semiconductor interfaces can be explained by defects and band bending, the presence of mulit-valence characteristic
in oxides allows interfacial electronic reconstructions with lower energy cost, besides
atomic reconstructions, leading to unique phenomena such as high-temperature superconductivity and magnetism. Theoretically, it is required to identify the consequences of electronic reconstructions and how to control them. Although many
theoretical mechanisms have provided some explanation, full understanding of the
origin of unique phenomena at oxide interfaces has not yet been achieved. Basically,
three mechanisms have been proposed: polarization discontinuity, O vacancies, and
cation intermixing.

1.2.2

Polarization Discontinuity

Any material can be considered as atomic layers stacking that can be charged or neutral. According to Tasker, material surfaces are classified as polar (having nonzero
net dipole moment perpendicular to the surface) or nonpolar (either the net dipole
moment equal to zero or it consists of neutral atomic layers) . The dipole in the former
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results in electrostatic energy divergence reflecting instability of polar surfaces [21]. A
previous study highlighted three contributions to the polar-polar interface polarization discontinuity: Structural discontinuity (which vanishes for interfaces between materials with the same interlayer distances unless structural relaxation modifies them),
electronic discontinuity (which is non-zero for non-centrosymmetric compounds), and
valence discontinuity (known as polar catastrophe model) [22].

Figure 1.4: (a) LaO/TiO2 interface before electronic reconstructions showing valence
discontinuity at the interface, this generates positive electric field which causes potential divergence. (b) The potential negatively diverges for AlO2 /SrO interface without
electronic reconstructions. (c) and (d) Electronic reconstructions in terms of charge
transfer resolve potential divergence. [17].
The polar catastrophe model was proposed by Ohtomo and Hwang to explain the
formation of 2DEG at LaAlO3 /SrTiO3 interface [20]. The electric field in the bulk (no
surface) of a polar material oscillates symmetrically around zero. When two materials
of different polarity are staked together (or at the surface of polar material), valence
discontinuity at the interface (surface) causes nonsymmetric oscillation of the electric
field which build up the potential as the thickness of the polar material increases,
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Figure 1.5: Electronic properties of LaAlO3 /SrTiO3 interface as function of LaAlO3
unit cells (A) Sheet conductance and (B) carrier density. Data in blue and red are of
samples grown at 770◦ C and 815◦ C, respectively. The number of samples with similar
data is are shown next to the data points. [24].
thus causes potential divergence “polar catastrophe”. This catastrophe cannot happen in reality and must be avoided either by atomic or electronic reconstructions. The
potential divergence is avoided in semiconductors by atomic reconstruction [23]. However, another option is available if the cation has multivalence, e.g transition metal
oxides, in which as stated by N. Nakagawa et. al [17] “If the electrons can move, the
atoms do not have to” suggesting that in this case the electronic reconstructions are
energetically favourable. The electronic reconstructions occur in terms of a charge
transfer between the two materials (or between the surface and the interface) which
result in resolving potential divergence and the formation of 2D quantum gas at the
interface. Fig. 1.4 demonstrates the situation for LaAlO3 /SrTiO3 slab system (with
vacuum) which provides p-type SrO/AlO2 interface and n-type TiO2 /LaO interface.
The n-type carriers have been confirmed experimentally by observing Ti+3.5 ions at
the interface, supporting the polar catastrophe model, while the p-type carriers have
been found to be neutralised by O vacancies which render the insulating character in
this case [17]. Thiel et al. found a critical thickness of four unit cells of LaAlO3 is
required to drive electronic reconstructions, as illustrated in Fig. 1.5 [24]. Theoretical
investigations revealed that the critical thickness can be modified by polar distortions
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Figure 1.6: Schematic band diagram for LaAlO3 /SrTiO3 interface (a) with thickness
smaller than critical thickness (b) with thickness above critical thickness. The red
line shows the position of the Fermi energy [26].
which counteracts electronic reconstructions by polar catastrophe [25]. The critical
thickness can be understood from the band diagram in Fig. 1.6 [26]. Below the critical
thickness, the potential is built up across LaAlO3 causing a shift in LaAlO3 valence
band maximum which in this case is not enough to exceed the band gap of SrTiO3
at the interface, and thus no charge transfer takes place and the interface remains
insulating. On the other hand, above the critical thickness the shift exceeds the conduction band minima of SrTiO3 which results in charge transfer and metallic states
at the interface [27].
While the polar catastrophe model is confirmed by many experimental [24, 28]
and theoretical [29, 30] studies, there are few observations against the model. First,
at very high O partial pressure the measured charge density of the 2DEG using Hall
measurements was found one order of magnitude smaller than that predicted by the
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polar catastrophe model [31]. Experimentally, this was explained by reporting that
part of the carriers are localized at SrTiO3 side and thus they do not contribute
to the 2DEG [32]. Second, 2DEG [33], and even superconductivity [34], have been
demonstrated at LaAlO3 /SrTiO3 interface along (110) direction which lacks charge
discontinuity, the prerequisite by the polar catastrophe model, raising a question
about the dominating mechanism.

1.2.3

Oxygen Vacancies

Oxygen vacancies act as electron donors which passivate the holes and result in the
insulting p-type LaAlO3 /SrTiO3 interface, as discussed earlier, however, at n-type
LaAlO3 /SrTiO3 interface they modify carriers concentration and mobility by orders
of magnitude depending on growth conditions [35]. Accordingly, it has been proposed
that the metallic interface is caused by O vacancies rather than polar catastrophe
model [28, 36]. Experimentally, O vacancies have been found to form in SrTiO3 side
[37] which is theoretically reported to result in magnetic states [38]. Investigating of
O vacancies at LaAlO3 revealed it is favorable at the interface [39], since it minimizes
the electrostatic field in LaAlO3 , providing 2DEG, while high concentration of O
vacancies in SrTiO3 result in three-dimensional electron gas [40]. However, a scenario
based on O vacancies alone cannot explain the sharp jump in conductance and charge
density at the critical thickness. Despite that, the dominating origin of 2DEG is still
puzzling as insulating interface was obtained for LaAlO3 deposited at very high O
pressure (> 10−2 mbar) [35]. In contrast, another study showed that the insulating
interface at high pressure was shown to becomes metallic above critical thickness,
indicating that electronic reconstructions by polar catastrophe dominates in this case
[24].
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1.2.4

Cation Intermixing

It has been proposed that cation intermixing can be the origin of 2DEG at n-type
LaAlO3 /SrTiO3 interface where La and Sr intermixing result in Sr1−x Lax TiO3 with
0.1 < x < 0.95, found to be a metallic phase [41], which is considered experimentally
and theoretically to explain the metallic interface and the roughness of n-type interface [17, 42]. In this case, cations intermixing decreases the dipole at the interface,
indicating that it is energetically more likely scenario [42]. On the other hand, much
smaller intermixing, and thus sharp interface, is obtained at the p-type AlO2 /SrO
interface causing no metallic phase to form which is basically due to the absence of
multi-valent element (O cannot have oxidation other than −2) that is required to
accommodate the holes [17]. Interestingly, it has been shown that the coexistence
of La and Ti at n-type (001) interface and (110) interface result in modification in
Ti valence which result in band bending that increases as function of thickness, thus
forming the 2DEG at the interfaces [43]. Such scenario has three advantages: it explains the 2DEG at both (110) and (001) directions, has critical thickness dependence,
and explains the experimentally observed Ti+3.5 ions adjacent to the interface. Yet,
recent synthesis techniques allow realizing abrupt interfaces indicating that intermixing scenario cannot explain the formation of 2D hole gas at AlO2 /SrO interface.

1.3

The Rise of Tin Oxides

Tin has two oxidation states +2 and +4 which give rise to two stable phases: stannous oxide (SnO) and stannic oxide (SnO2 ). SnO2 has been widely used in many
applications such as gas sensing [44], catalysis [45], lithium-ion batteries [46] and
supercapacitors [47]. On the other hand, recent advances in deposition techniques
allows new applications of SnO such as light-emitting diodes (due to its optical prop-
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erties) [48] and as a p-type channel in solar-electric energy convergence devices [49].
Moreover, this advance allow applications based on SnO/SnO2 interface such as temperature sensing devices [50], high efficient photocatalysis which requires p-n junction
between two phases of the same material [51]. The crystallographic data of SnO ans
SnO2 are shown in Table. 1.1 which shows that they both have tetragonal structure
but with different symmetry. SnO2 has body-centred tetragonal structure known as
rutile structure (coordinate number of Sn=6), see Fig. 1.7(ii), where its raw form is
denoted by cassiterite [53]. On the other hand, SnO comes in two forms: a black
phase which is stable in litharge tetragonal structure with Sn atom at the top of
square pyramid of O atoms (coordinate number of Sn=4), see Fig. 1.7(i), and a red
phase that is stable up to 270◦ C but turns to the black phase at room temperature
by mechanical pressure [54]. Erdem et al. investigated theoretically the stability of
SnO structures and finds that litharge structure is energetically favourable due to the
presence of Sn 5s2 lone pair thats point to the interlayer region [55]. The lone pair
electrons are chemically inactive (do not contribute to the bonding) but strongly affect SnO electronic properties as they result in asymmetric charge distribution around
Sn atoms [56]. Comparing the lone pair in Sn(II) monochalcogenides SnX (X=O, S,
Se, and Te) revealed effect of anion on phase stability where the asymmetric charge
density is found only for SnO due to interaction between occupied Sn(5p) states and
the occupied antibonding states (result from Sn 5s and O 2p strong interaction) [57].
Due to different symmetry of SnO structures, this interaction is found to be allowed
only in litharge structure which result in shifting Sn 5p states just below the Fermi
level to lower energies [58]. For the surfaces, the most stable low index surface for
SnO2 is along (110) orientation [59] while it is experimentally the observed orientation
for SnO [10]. SnO can be oxidized when annealed at high temperatures in air, and
it is transformed into SnO2 via a mechanism that involve redistribution of internal
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oxygen followed by diffusion and combination of external oxygen [60]. This redox
reaction has been found efficient for water splitting providing CO2 free H2 production
[61]. For SnO-based thin films, the use of a capping layer allows to decrease SnO
oxidation and avoids phase transition to SnO2 at high annealing temperatures [62].
Despite that, a record hole mobility of 18.71 cm2 / V·s has been obtained for SnO
thin films by controlling over process conditions [10].
Table 1.1: Crystallographic parameters of SnO2 and SnO [52]
parameter
SnO2
SnO
Space group
P42 /mnm
P4/mnm
4.737
3.804
a=b (Å)
c (Å)
3.186
4.826
(0 0 0),( 12 12 12 )
( 12 0 u),(0 12 ū)
Positions (Sn)
(u,ū,0), ( 12 +u, 12 +u, 12 )
(0 0 0), ( 21 12 0)
Positions (O)
u= 0.307
u= 0.236

Figure 1.7: Crystal structure of (a) SnO, (b) SnO2 . Red/blue circles represent O/Sn
atoms.
SnO2 is very well known n-type transparent semiconductor oxide owing its transparency to a band gap of 3.6 eV. On the other hand, SnO which is a p-type semiconductor which is not well investigated in literature has a direct band gap that falls
in a range of 2.5-3 eV [63] that is responsible for its transparency while its electronic
properties are determined by a smaller indirect band gap of 0.7 eV [60]. The band
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structure of SnO2 , shown in Fig. 1.8 [64], shows that the valence band maximum
is dominated p O states, which are localized, while the conduction band minimum
is dominated by metallic Sn s states, which provide dispersive conduction band explaining n-type conductivity. On the other hand, the valence band maximum of SnO
shows hybridization between O states and metallic Sn s states at the valence band
maximum, which results in dispersive bands that have low effective mass supporting
the holes conduction, while the conduction band minimum is dominated by metallic
p states indicating bipolar conduction nature of SnO. The bipolarity in SnO is supported by small indirect band gap and large direct band gap [65]. Particularly, p-type
and n-type doping are possible if ionization potential < 6 eV and electron affinity
> 4 eV, respectively. SnO is found to have ionization potential and electron affinity
of 5.8 eV and 5.1 eV, respectively and thus allow bipolar doping [66]. Accordingly,
SnO-based bipolar thin films [65] and ambipolar inverters thin film transistors [67]
have been realized. A practical way to distinguish SnO from SnO2 is to compare their
valence band maximum spectra as SnO2 does not have any contribution from Sn 5s,
see Fig. 1.8, or by measuring the energy difference between Sn 4d and the edge of
valence band maximum (21.5 eV for SnO2 and 23.1 eV for SnO) [68].

Figure 1.8: Schematic representation of SnO2 and SnO band structure [64].
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It is important to note that the conductivity of SnO2 and SnO is caused by native
defects. For SnO2 , Sn interstitial and O vacancy donate carriers to the conduction
band without increasing optical band absorption, explaining the origin of conduction
while maintaining transparency [69], while for SnO, Sn vacancy provides p-type carriers that is supported by the indirect band gap [70]). Tin oxides have other properties
that make them good candidates for future electronics such as low price, less toxic,
low deposition temperature, and best chemical durability [71]. Future development of
tin oxide based devices requires full understanding of materials defects and interfaces
in order to control electronic properties.

1.4

Thesis Outline

The main aim of this thesis is to investigate electronic, magnetic, and structural
properties of tin oxides in the presence of defects and interfaces. Density functional
theory as implemented in VASP code is used for all the calculations in this work.
An overview of density functional theory framework is given in Chapter 2. Since
native defects are responsible for the conductivity in SnO, we identify in Chapter 3
the effect of strain on the stability these defects. In Chapter 4, we investigate the
possibility of inducing magnetism in tin dioxide by transition metal doping. In the
remaining chapters, we explore different tin oxide-based interfaces that have future
potential applications (e.g. solar cell and ultraviolet light emitting diode). The
interface between tin monoxide and dioxide is addressed in chapters 5 and 6 using
the thin film and heterostructure models, respectively. In chapter 7 motivated by the
recent technological applications, we examine the electronic and structural properties
of MgO (100)/SnO2 (110) epitaxial interface. The interface between complex oxide
structures is discussed in chapter 8. The study highlights the effect of hydrostatic
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pressure on O deficient LaAlO3 /SrTiO3 (001) and (110) interfaces. Finally, in Chapter
9 we provide conclusions based on the important findings and emphasize possible
future research directions.
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Chapter 2
Theoretical Methodology

2.1

Density Functional Theory

Density functional theory (DFT) is a computational quantum mechanical simulation
method used to study the ground state of many-body systems where the properties
of the systems are obtained by using functionals (functions of another function) of
the electrons density, reflecting the name of the theory. DFT is currently the most
successful and popular method to study the electronic structures of materials. The
method is based on the fact that by solving Schrödinger equation for a given system
we obtain a wavefunction that, in principle, contains all the information about the
system. While for a hydrogen atom exact solution can be obtained, it is impossible
to solve Schrödinger equation for many-body system (since one would have to solve
Schrödinger equation with 3N coordinates!). DFT tackles the problem by providing
approximations to solve Schrödinger equation of a many-body system in terms of density rather than wavefunction. So, instead of dealing with 3N coordinates of the wave
functions, the problem is reduced to three coordinates of the density. The interacting
electrons are treated as non-interacting electrons under an effective potential.

2.1.1

The Quantum Many-Body Problem

Quantum mechanics describes materials at atomic and electronic level where the wavefunction contains all the information about the system. The many body wavefunction
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ψ can be found using time independent non-relativistic Schrödinger equation

Ĥψ = Eψ

(2.1)

where the exact Hamiltonian that provides the total energy for a many-body system
is given by

Ĥ = −

~2 X 52Ri
~2 X 52ri
1 X e2 Zi
−
−
2 i Mi
2 i me
4π0 i,j |Ri − rj |
+

1 X
e2
1 X e2 Zi Zj
+
8π0 i6=j |ri − rj | 8π0 i6=j |Ri − Rj |

(2.2)

where m and M are electron and nuclei mass respectively. The first two terms refer
to the kinetic energy of nuclei and electron, respectively; the next terms represent
electron-nuclear, electron-electron, and nuclear-nuclear electrostatic coulomb potential interactions, respectively. It is important to note that Ĥ in equation 2.2 is the
same for any material where the materials are distinguished by their chemistry, which
is included in terms of atomic number Z, and their structure, which is included in
terms of nuclei position R. As the many-body equation is not easy to solve, approximations are required. The first is the Born-Oppenheimer approximation based on
the fact that the mass of the nuclei is much larger than the mass of electron and thus
one can neglect the kinetic energy of nuclei while the potential of nuclei is constant
and thus frequently neglected since it causes only a constant shift in eigenvalues [72].
Thus, equation 2.2 can be reduced to

Ĥ = Te + Vext + Vee

(2.3)

32
where Vext is electron-nuclear potential where the terms are given by

Te = −

~2 X 52ri
1 X e2 Zi
1 X e2
, Vext = −
, andVee =
2 i me
4π0 i,j |Ri − rj |
8π0 i6=j |ri − rj |

The identity of the system depends on the third term of equation 2.3, due to BornOppenheimer approximation, where the electrons is considered to move under the
external potential generated by the nuclei. The other terms are considered universal
for all systems. By solving Schrödinger equation for a system we obtain the corresponding wavefunctions which depends on the positions of electrons and nuclei (r
and R, respectively). However, it is impossible to find a solution without any further
approximations.

2.1.2

Hohenberg-Kohn Theorems

In 1964, Hohenberg and Kohn provided two remarkable theorems that are considered the basis of density functional theory which develops connection between charge
density and many body Hamiltonian equation [73, 74]:
Theorem 1. For any system the external potential Vext can be uniquely determined
by the ground state density.
Theorem 2. The ground state energy is unique functional of ground state density,
corresponding to the external potential, which can be obtained by the global minimum
of this functional. Thus, the energy associated with the ground state density will be
less than all the energies of trail densities.
The theorems indicate that as any system can be identified by the external potential then consequently it is also identified by a unique ground state density which
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can be obtained by energy minimization. However, the theorems do not provide formulation for E[ρ(r)] functional. It is important to highlight the meaning of energy
functional for E[ρ(r)]. It means it takes the density, which is function in position, as
input parameter and gives the total energy as output. So, in order to find ground state
energy, we need to evaluate the functional for ground state density, which corresponds
to the external potential.

2.1.3

Kohn-Sham Equations

Kohn-Sham equations explain how to find the exact ground state density for many
electrons systems [75]. Basically, the ground state density of many electrons interacting system is mapped to the ground state density of non-interacting system in which
the electrons are suggested to move in an effective potential known as the Kohn-Sham
potential given by

VKS = VH + Vxc + Vext

(2.4)

VH is the classical electrostatic potential, Hartree potential, given by

2

VH = e

Z

dr0

ρ(r0 )
|r − r0 |

(2.5)

and Vxc is the exchange-correlation potential consisting many body effect. One of
the important finding of density functional theory is proposing a form for this potential which can provide the exact ground state density and energy. The potential is
calculated by functional derivative of the exact ground state density

Vxc =

dExc [ρ(r)]
dρ(r)

(2.6)
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However, the exact potential is unknown and, thus approximation is required. To
obtain Kohn-Sham equations Schrödinger equation is solved using VKS potential

[Tee + VH + Vxc + Vext ]ψi (r) = i ψi (r)

(2.7)

the resulting ground state wavefunctions can be used to obtain the ground state
P ∗
density using the equation
i ψi ψi = ρ, which is known as Kohn-Sham orbitals,
that correspond to the lowest energy solutions. In particular, in order to obtain the
ground state density, we need to solve Schrödinger equation using a potential that is
functional of ground state density. So, the solution is obtained using self consistent
field (SCF) method, as shown in Fig. 2.1. The method starts with a trial density which
is used to calculate the potential and solve Schrödinger equation, then the obtained
wavefunctions are used to obtain a new trial density. The SCF cycles (iterations)
repeated until a convergence is reached ( the new density equal to the previous trial
density).

2.1.4

Exchange Correlation Functional

Although density functional theory is exact, the fact that the exact exchange and
correlation term (xc) is unknown makes it impossible to find the exact solution for
the many-body problem. Two standard approximations can be used to find xc term
namely the local density approximation (LDA) [76] and the generalized gradient approximation (GGA) [77]. LDA approximates the xc energy by considering locally
the exchange correlation energy of homogeneous electron gas at constant density ρ,
εxc [ρ(r)], where the value of density depends only on spatial position r.
Z
Exc [ρ(r)] =

drεxc [ρ(r)]ρ(r)

(2.8)

35

Figure 2.1: Representation of the self-consistent field (SCF) method for solving KohnSham equations
The approximation is exact for homogeneous electron gas and thus it is considered
good for systems where density does not rapidly vary (as in metals); however, it
strongly fails in some cases such as for strongly correlated electron systems. A better
approximation is provided by the GGA functional which is non-local in the sense that
it takes the gradient of density into account and thus providing a better approximation

GGA
Exc
[ρ(r)]

Z
=

ρ(r)εxc [ρ(r), 5ρ(r)]dr

(2.9)

where εxc [ρ(r), 5ρ(r)] is the exchange correlation energy per particle of a uniform
electron gas. The total and binding energy in GGA is better described than in LDA.
Yet, the bond length is underestimated in LDA and commonly overestimated in GGA.
There are several different GGA parametrization which are either semi-empirical or
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entirely first principle functionals. Perdew, Burke, and Ernzerhof (PBE) functional
has been widely used and has shown considerable success in predicting electronic
properties of solid state [78]. It is important to note that DFT calculations suffer
from a band gap problem, e.g. the obtained band gap of semiconductors and insulators using LDA and GGA functional can be underestimated by 30-50% [79]. This
has mainly two origins: First, the discontinuity in the exchange-correlation functional. This is due to the fact that the calculated band gap (which is the difference
between ionization energy and electron affinity) is described using Kohn-Sham functional derivatives, in particular the band gap arises from the derivative discontinuity
in the functional. However, the exchange-correlation term provided by LDA and GGA
is continuous and thus the band gap is underestimated [80]. The second origin is the
self-interaction error introduced by Hartree potential in equation 2.5 which is fully
cancelled for the exact exchange-correlation functional is only partly cancelled using
LDA and GGA functionals. This error arises from solving Khon-Sham equation for
one electron which is described by a potential that is functional in density, including
the electron itself, and thus leads to self interaction error which overshoot ionization energy and electron affinity. This also leads to the over delocalization nature of
LDA and GGA calculations, which thus misses describing on-site Coulomb repulsion
of localized orbitals such as d and f electrons. Despite that LDA and GGA provide accurately reliable description of most materials electronic properties and even
have been found to predict or confirm experimental results [81, 82]. On the other
hand, the band gap problem can be resolved either by employing Hybrid functional
[83, 84], which correct the exchange functional but considered expensive, or using
on-site Coulomb repulsion term included in Hubbard model [85], which correct the
correlation functional and describes the strongly localized (i.e. correlated) nature of d
and f valence electrons. While the second approach is feasible, it has negligible effect
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on tin oxide d states as they locate at low energies. Note that, for highly correlated
materials such as SrTiO3 , considering the on-site Coulomb interaction is required to
render the correct electronic properties as LDA and GGA tend to over delocalize
electrons. Actually, a simple DFT calculation often fails to provide correct electronic
properties of strongly correlated materials (as the strong Coulomb interaction localizes valence electrons rendering insulating character), for example it fails to predict
insulating character for mott insulators [86]. In Hubbard model, the Hamiltonian of
interacting particles is given by [87]

H = −t

X
<i,j>σ

c†jσ ciσ + U

X

ni↓ ni↑

(2.10)

i

where the first term is the hopping kinetic term of electrons having hopping amplitude
parameter t and the second is an on-site, short range, Coulomb potential between electrons with Coulomb repulsive parameter U for electrons on the same site in the same
atom where the Hubbard, <i,j> is the summation over nearest-neighbor interaction
i and j sites, ciσ and c†jσ are the annihilation and creation operators, ni↓ = c†i↓ ci↓ ,
and ni↑ = c†i↑ ci↑ . Including U term simply provides penalty for double occupation
which can provide interesting physics for half-filled orbitals. As double occupation
is prohibited by Pauli exclusion principle, the penalty falls only for electrons with
opposite spins, indicated by the arrows in equation 2.10. The negative sign in the
hopping term indicates that hopping result in lowering the energy by amount t.

2.1.5

Plane Waves and Bloch Theorem

Solving Kohn-Sham equations in real space is considered challenging. A way to handle
the task is to expand Kohn-Sham orbitals using a basis set and thus transforming
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equation 2.7 to a matrix equation in coefficient space which is easier to solve [88].

ψi (r) =

X

cαi φα (r)

(2.11)

α=1

Applying periodic boundary conditions of the crystal indicates that a plane waves expansion can be a typical basis set. For periodic crystals, the potential is also periodic
over translation R. Bloch’s theorem provides a solution for Schrödinger equation in
a periodic potential
φk (r) = eik·r Vk (r)

(2.12)

where Vk (r) is a periodic potential that satisfies Vk (r + R) = Vk (r) and k is a wave
vector that represents a set of lattice points in reciprocal space (momentum space).
Reciprocal space is given by the Fourier transform of real space which can be used
to extract information about the crystal symmetry. Similar to the positions in real
space, which are defined in terms of lattice vectors a1 , a2 , and a3 , the positions in
reciprocal space are defined in terms of reciprocal lattice vectors b1 , b2 , and b3 given
by

b1 = 2π

a2 × a3
a3 × a1
a1 × a2
, b2 = 2π
, b3 = 2π
a1 · (a2 × a3 )
a1 · (a2 × a3 )
a1 · (a2 × a3 )

(2.13)

The first Brillouin zone is the reciprocal equivalent of Wigner-Seitz cell in real space.
Integration over possible values of k points in the first Brillouin zone is used to extract
electronic properties of the crystal which can be reduced to the irreducible Brillouin
zone (the first Brillouin zone reduced by all the symmetries of the crystal). For the
integration, different integration schemes can be used (such as Monkhorst-Pack and
Gamma [89]) which require converged number of k points along each direction in the
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reciprocal lattice. Now, the periodic potential in equation 2.12 can be expended in
terms of plane waves summation

Vk (r) =

∞
X

cG eiG·r

(2.14)

G

where G is a reciprocal lattice vector given by G= m1 b1 +m2 b2 +m3 b3 for integer
values mi . Thus, equation 2.12 can be written as

φk (r) =

∞
X

c(k+G) ei(k+G)·r

(2.15)

k+G

A problem in this solution is that it has a summation over infinite number of reciprocal
space vectors G within the first Brillouin zone which cannot be numerically resolved.
However, the plane waves solution has kinetic energy of

E=

~2
|k + G|2
2m

(2.16)

where mostly the small kinetic energy terms are important than the high kinetic
energy and thus a good approximation can be made by neglecting those terms. This
introduces a plane wave energy cutoff which limit the basis set to a finite size and
thus determines the size of basis set matrix.

Ecut =

~2 2
G
2m cut

(2.17)

Then, equation (2.15) becomes

φk (r) =

X
|k+G|≤Gcut

c(k+G) ei(k+G)·r

(2.18)
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The error by this approximation can be excluded by avoiding comparing the energies
of systems with different cutoff energies.

2.1.6

Pseudopotentials

DFT calculations based on potential that includes all the electrons in the system
are called by full-potential calculations which are accurate but less used as they are
expensive. This is due to the fact that large cutoff energy is required to correctly
describes the ions and bound core electrons. Instead, effective or pseudopotentials is
used which treats valence electrons and ion cores (nuclei and non-valence electrons)
separately [90]. Basically, pseudopotential approach considers the ion cores as frozen
(not changed by bonding or structural relaxation) which can be described by a small
basis set. One common type is ultrasoft pseudopotential which requires very small
basis set and thus minimize calculation cost [91]. The codes that follow this approach
provide a library which contains pseudopotentials for each element in the periodic
table.
Another way to deal with the problem is to use variable bases, for each region,
instead of fixed bases to expand the wavefunctions. An example approach is projector
augmented plane-wave (PAW) method where the potential is considered spherically
symmetric around nucleus and constant in-between. In PAW method, the wavefunctions in the interstitial region are represented by plane waves, whereas at the core
the rapid oscillated wavefunctions are represented by atomic-like functions with a
condition that they join continuously to the plane waves at the boundaries of the
core region [92]. Different computational codes use a specific way to deal with the
problem and thus it is necessary to provide the code used for each calculation.
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2.2

Technical Aspects of VASP Code

All the calculations in this work have been performed using Vienna Ab initio Simulation Package (VASP) which is a Fortran 90 program that performs electronic
structure calculations within DFT [93, 94]. VASP provides an approximate ground
state solution to the many-body problem within density functional theory. The code
uses plane wave basis sets to represent one-electron orbitals whereas the interaction
between electrons and ions can be described using the projector-augmented-wave
method [93]. The calculation is started by initial guess of charge density which is
used to solve KS-equations which result in a new input charge density that is used
to repeat the process until a self consistency is reached, see Fig. 2.1. During the
electronic iteration, ground state charge density is considered reached by energy minimization (when the energy difference between successive calculations is smaller than
a threshold value). For structural optimization, ionic iterations is used where the
forces on atoms are calculated at the end of each electronic iteration which are used
to shift the ions in a direction that minimize the forces. This process is repeated until
the forces on the ions become negligible. The total energy and charge density are
calculated using integration over the first Brillouin zone. For numerical solution, the
integral is transformed into a sum over discrete points in k-space where the points are
selected using methods such as Monkhorst-Pack method (uses equally spaced mesh
in Brillouin-zone). In principle, dense enough k-points are required for accurate integral but since more k-points increase calculation time, the used k-points compromise
between accuracy and calculation time. In VASP, crystal symmetry is used to perform the integration over irreducible Brillouin zone instead of entire Brillouin zone
and thus decreases calculation time. How the band gap affect such integration? In
insulators, density of states smoothly vanish before the band gap and thus provides
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smooth integration; however, in metals the functions are discontinuous at the Fermi
level causing slow k-points convergence (as dense grid is necessary). To overcome this
problem, the step functions are replaced by a smoother functions, for instance Gaussian smearing in which the energy of calculated band is broadened using Gaussian
function.
VASP is considered optimum for large systems as well as accurate calculations.
Exchange-correlation interactions are treated using a range of functionals such as
LDA and GGA functionals. All the calculations in this work is performed using
GGA functional. Few convergence tests are required for any studied system. First,
the cutoff energy convergence test, which defines the size of basis set, depending on
the type of atoms in the system and thus is calculated for the unit cells. However, the
k-points which is used for Brillouin zone integration, inversely proportional to lattice
constants and thus need to be tested for each system or supercell.

2.3

Point Defects and Formation Energy Calculations

Crystalline materials have a periodic crystal structure. The crystal structure of the
repeated building block “unit cell” has a specific geometry, lattice parameters, and
specific positions of atoms inside the cell. In reality, crystalline materials suffer from
imperfection introduced by defects which can have zero or more than one dimension.
In this work, we only investigate zero-dimension defect “point defects” which is given
by extra or missing atoms. The deviation from perfection turns out to be an advantage in band gap materials as it allows manipulating properties. In particular, the
presence of point defects in materials has a huge effect on their electrical, optical,
physical and chemical properties. Point defects can be intrinsic: created by atoms
of the same type in the bulk or extrinsic: involve impurity atoms. There are many
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types of point defect in a crystal such as vacancy, substitution and interstitial, figure
2.2 shows the mechanisms to form these defects. The defect is created using supercell
approach where a single defect is introduced in the decided supercell size which inversely proportional to the defect concentration. The large supercell size is also used
to avoid artificial interaction between the defect and its images (created by periodic
boundary conditions in simulation codes).

Figure 2.2: The mechanisms of various types of point defects in a crystal where the
first and the second rows show intrinsic and extrinsic defects, respectively.
Formation energy calculations of point defects are considered a reliable tool to
investigate the stability of defects, where low formation energy indicates a stable
defect. The formation energy of a defect is given in terms of atomic and electronic
exchange between the host material and the corresponding reservoirs. Thus, the
formation energy E f (Xq ) of a defect X in a charge state q is given by [95]

E f (Xq ) = Etotal (Xq ) − Etotal (host) −

X

ni µi + q(µe ) + Ecorrection (q)

(2.19)

i

where Etotal (host) is the total energy of the pristine charge neutral supercell of the
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host crystal and Etotal (Xq ) is the total energy in the presence of a defect X in the
charge state q. Moreover, ni is the number of atoms of species i that form the defect,
where a positive (negative) value means that the atom is added to (taken from) the
host structure to create the defect. The chemical potential µi and µe are the energy
required to add or remove atoms and charge, respectively. For a specific phase of
the host material, a constraint is used to define µi which consider growth conditions.
The chemical potential of electrons µe , is the Fermi energy in the presence of charged
defect. Since the Fermi energy of semiconductors lies inside the band gap, it cannot
be specifically defined. Thus, the formation energy results are given as function of
the Fermi energy where the valence band maximum is taken as reference (set to zero)
host
and the Fermi energy range is taken to be 0 ≤ EF ≤ Egap
for which µe is given by

µe = EF + EVhost
BM

(2.20)

EVhost
BM is defined as the energy required to remove one electron from the valence band
of the host in the presence of defect. Ecorrection (q) is the supercell finite size correction
which will be discussed in details in the next section.

2.3.1

Finite Size Correction

Most interesting research of defects focuses on single (isolated) defect properties where
a typical approach for defect calculations is the supercell approach as it employed in
many computational codes. The use of supercell approach allows control over the
defect concentration (it equals to the number of defects over the number of relevant
atoms in the supercell). However, errors arise due to the limited size of supercell
(feasible for calculations), which is, in particular, due to applying periodic boundary conditions in most point defects computational methods including the supercell
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approach. In this case, the isolated character is replaced by periodic images which
besides the unrealistic large concentration, causes interactions between the defect
and its periodic images. For neutral defects, large supercell size can be used to avoid
artificial interaction between defects (since the Coulomb interaction with images is
finite) [96]. However, for charged defects the supercell has a net charge which when
applying periodic boundary conditions causes divergence of the total energy of the
system [97]. Most computational codes avoid this error by embedding homogeneous
neutralising background. Yet, this is countered by the slow convergence of energy
as function of supercell size and thus large supercell is required which can be computationally expensive. This is caused by the fact that the electrostatic Coulomb
interaction (between the charged defect and its images) inversely proportional to the
supercell lattice constant L ( Coulomb interaction proportional to 1/L) and thus considered a long-range interaction [98]. A similar error is included due to the presence
of neutralizing background.
Consequently, the total energy of defective finite size supercell contains interaction
between defect-defect images, defect-background, and background-background images
which need to be subtracted from the total energy in order to eliminate this artificial
interactions. Also, for any defects calculations the energy of system must converge
with respect to the supercell size. Several approaches have been proposed in literature
which generally either do not improve energy convergence such as Madelung energy,
and Makov and Payne correction or by truncating the long range Coulomb interaction
suffers from omitting the polarization outside the supercell (for insight to previous
correction schemes, we refer the reader to Ref.[99] and the references within).
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2.3.2

Freysoldt, Neugebauer, and van de Walle Correction

For defect calculations in this work, we consider the most recent correction provided
by Freysoldt, Neugebauer, and van de Walle [100]. Basically, a screening charge results
from introducing charge q to the supercell which modifies the average electron density
far from the defect. Instead of correcting charge density, and since the formation
energy depends on Fermi energy EF which is referenced to VBM of the pristine
supercell, a more practical way is given by calculating the electrostatic potential
accurately. The scheme basically divides the electrostatic potential to short range
(alignment correction) and long range (lattice energy) terms and thus formulated as

F NV
Ecorr
= Elat − q∆q/0

(2.21)

where q is the defect charge state and ∆q/0 is the electrostatic potential alignment
between the bulk and defective supercells. The lattice energy term Elat corresponds to
the screened lattice energy (Madelung energy)of localised charge (including artificial
periodic interactions with background and images) which is screened by macroscopic
dielectric constant. Now, if the net charge is well localized inside the supercell, the
short range potential is set to be zero outside the supercell. The origin of band
alignment term is the fact that the compensating background encounter interaction
with the net charge which induce a shift in the VBM of the charged defect supercell
as compared to the bulk. So, instead of bands alignment, potential alignment is used.
Thus, ∆q/0 is calculated by aligning the potential far from the defect (which form a
plateau) with the bulk potential. The key concept in this scheme is that the long range
potential is completely removed in the alignment term. Thus, the correction in energy
is provided by the difference between the short and long potentials. The correction
energy is then removed from the uncorrected formation energy. An extra benefit of
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the alignment is that the VBM of the defective cell can be given approximately by
that of the pristine cell
ect
pristine
EVdef
BM = EV BM

(2.22)

It is important to note that none of the available correction schemes can provide accurate results in the case of hybridisation between the defect states and the band edges
which has been avoided in this work [101]. The subtraction in equation 2.21 is performed using Sxdefectalign program provided by Freysoldt [100] which is calculated
by providing the cutoff energy, charge, and dielectric constant of the system.
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Chapter 3
Ab-initio Study of Native Defects in SnO Under Strain

Tin monoxide (SnO) has been known for years but has been largely ignored, because
it is a metastable form of the famous tin dioxide (SnO2 ) [102, 103]. Just recently,
it is gaining attention as a promising transparent p-type semiconductor with high
mobility, making it a candidate for applications in transparent and flexible circuits
[104, 6, 105]. To control and improve its properties, it is necessary to understand the
behaviour of the defects in the material. While it has been concluded from simulations
that the p-type behaviour stems from Sn vacancies [70], other reports point out that
complexes formed by unintentional H impurities and Sn vacancies play a major role
in generating the holes [106]. Moreover, recent experimental and theoretical studies
have shown that a considerable increase in the hole mobility is caused by the defects
formed in an Sn-rich environment (VO and Sni ) [64, 10, 107]. It has been proposed
that defect engineering and an increased mobility can be achieved by both internal
and external strain [108], which is more feasible for materials with low bulk modulus
[109], such as SnO (35 GPa) [110], implying an urgent need to understand how the
defects behave when strain is applied to SnO.
Under pressure SnO shows a phase transition into an orthorhombic structure at
1.5 GPa due to shear strain in non-hydrostatic conditions [111, 110, 55]. However,
the tetragonal phase of interest is stable at hydrostatic pressures of up to 51 GPa
[111, 110]. In addition, SnO behaves as a metal at pressures higher than 5 GPa
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due to closing of its band gap [111, 112] and even is superconducting at temperatures
below 1.4 K and pressures between 6 and 19 GPa [113, 114]. To our knowledge, neither
experiments nor simulations on defects in SnO under pressure have been reported so
far. It therefore is the aim of the present work to establish insight into the stability
of SnO native defects for tensile and compressive strain.

3.1

Computational Details

Defect calculations are often challenging and time-consuming for a couple of reasons. The first issue is the underestimation of the band gap in standard density
functional theory, which introduces errors in the total energy because of a wrong
description of the occupied defect states inside the gap [115]. This problem often
can be overcome by more sophisticated approaches, however, making the calculations
more time-consuming [117, 118]. The second issue are spurious interactions with the
jellium and with artificial images caused by periodic boundary conditions [97], which
calls for large supercells. There exist various ideas to compensate for the artificial
interactions in order to reduce the required size [117, 118]. The correction scheme
proposed by Freysoldt and coworkers models the long and short-range interactions
of the defect and achieves a good formation energy convergence with respect to the
supercell size [100, 119, 101].
Another important calculation aspect is whether to consider the Sn 4d states as
core states included in the pseudopotential or to treat them as valence states, since
10 additional 4d valence electrons per Sn atom would increase the calculation time
considerably. They therefore are usually included in the pseudopotential [70, 106]
with the justification of their low energy and, consequently, little influence near the
Fermi level [68, 120]. However, the Sn 4d orbitals mix slightly with the O 2s orbitals
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[121], which might affect the formation energy of defects. With these points in mind,
we will first address the question whether the Freysoldt correction method is able to
reduce the necessary supercell size and then check for differences in the formation
energies when considering the Sn 4d orbitals as core or as valence states.
For the exchange-correlation potential we use the generalized gradient approximation as parametrized by Perdew, Burke, and Ernzerhof [122]. The O 2s and 2p
orbitals as well as the Sn 5s and 5p orbitals are modeled as valence states, whereas
the Sn 4d orbitals are treated either as core states or as valence state where specified.
All the calculations are based on an energy cutoff of 600 eV and a Brillouin zone
sampling by the Monkhorst-Pack method [123] with a 3 × 3 × 3 k-mesh. The energies
and forces are converged to less than 10−5 eV and 0.02 eV/Å, respectively.
The structure of SnO is given by a litharge-type tetragonal unit cell with space
group P4/nmm, containing two formula units. The optimized lattice parameters of
the pristine unit cell at zero pressure are a = 3.87 Å and c = 5.03 Å, which is
slightly higher than the experimental values of a = 3.80 Å and c = 4.84 Å [124].
Still, our values are in good agreement with previous theoretical work also using the
generalized gradient approximation [70, 125]. To address the supercell convergence,
we have calculated the formation energies of the native defects at zero pressure for
3 × 3 × 3 and 4 × 4 × 3 supercells with 108 and 192 atoms, respectively. For supercells
with a defect the atomic positions are fully relaxed, while the lattice parameters
of the pristine supercell are maintained. Strain effects are investigated using the
4×4×3 supercell and considering the Sn 4d orbitals as valence states. For hydrostatic
pressures of +1.4 GPa (compression) and −1.4 GPa (tension), we obtain pristine cell
parameters of a = 3.84 Å, c = 4.82 Å and a = 3.88 Å, c = 5.58 Å, respectively. The
former values agree reasonably well with the experimental results of a = 3.79 Å and
c = 4.71 Å for SnO compressed at +1.4 GPa. Experimental values for SnO under
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tension could not be found in the literature. We observe that the lattice parameters
change asymmetrically under pressure. Under compression, the c/a ratio is slightly
reduced to 1.26 from 1.30 without pressure, whereas it grows strongly to 1.44 under
tension. This behavior is due to the fact that the bonding along the c-axis is of van
der Waals type and therefore quickly weakens under tension.

Figure 3.1: [Color online] Examples of native defects in SnO. Sn atoms are represented
by large grey spheres and O atoms by small red spheres.
We study the three most stable defects [70], namely, the Sn vacancy (VSn ) charged
from 0 to −2, the O vacancy (VO ) charged from 0 to +2, and the charge neutral O
interstitial (Oi ). In the latter case the interstitial atom is positioned next to the center
of an Sn octahedron (shifted along the z-axis away from the O plane), see figure 3.1.
Examples of other defects are also shown in this figure. The formation energy E f (Xq )
of a defect X in a charge state q is given by [95]

E f (Xq ) = Etotal (Xq ) − Etotal (host) −

X

ni µi + q(EF + EVhost
BM ) + Ecorrection (q), (3.1)

i

where Etotal (host) is the total energy of the pristine charge neutral supercell of the
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host crystal and Etotal (Xq ) is the total energy in the presence of a defect X in the
charge state q. Moreover, ni is the number of atoms of species i that form the defect,
where a positive (negative) value means that the atom is added to (taken from) the
host structure to create the defect. The chemical potential µi is constrained by the
equilibrium between SnO and metallic β-Sn in the Sn-rich limit, with µSn = µβ-Sn
and µO = µSnO − µβ-Sn , and by the equilibrium between SnO and SnO2 in the O-rich
limit, with µSn = 2µSnO −µSnO2 and µO = µSnO2 −µSnO . The chemical potentials of O,
β-Sn, SnO2 , and SnO are obtained by calculating the total energies of the individual
compounds. For Sn and O, respectively, we find µSn = −3.96 eV and µO = −7.57 eV
for the Sn-rich limit and µSn = −4.21 eV and µO = −7.32 eV for the O-rich limit.
The formation energies of SnO and SnO2 are calculated to be −2.64 eV and −5.04
eV, respectively, which compares well with the values −2.72 eV and −5.21 eV of Togo
and coworkers [70]. The small differences are attributed to a different approximation
of the exchange-correlation potential.
The Fermi energy EF in equation 3.1 ranges from the valence band maximum
(VBM) up to the conduction band minimum (CBM). For setting the Fermi energy to
zero at the VBM, we calculate the energy of the VBM as the total energy difference
0
+1
between the 0 and +1 charged host cells, i.e., EVhost
BM = Etotal (host ) − Etotal (host ).

Considering the Sn 4d orbitals as core states, we obtain values of 4.27 eV and 4.26 eV
for the 3 × 3 and 4 × 4 × 3 supercells, respectively, whereas Sn 4d valence states result
in values of 6.22 eV and 6.24 eV. Independent of the treatment of the Sn 4d orbitals,
we find indirect band gaps of 0.40 eV and 0.46 eV, respectively. This constitutes an
underestimation of the band gap in comparison to the experimental result of 0.7 eV
[126], but an improvement with respect to the 0.29 eV of Ref. [70]. When strain is
applied the band gap of SnO is reduced significantly under compression according to
the experiments in Ref. [111]. The converse should be true under tension, i.e., the
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band gap should grow. For the 4 × 4 × 3 supercell with valence Sn 4d states, the band
gap in fact decreases to 0.07 eV at +1.4 GPa (compression) and increases to 1.8 eV at
−1.4 GPa (tension). These values are expected to be underestimated, because of the
underestimated band gap in the calculations. Moreover, EVhost
BM changes significantly
to 4.87 eV under tension and 6.93 eV under compression. The term Ecorrection of
equation 3.1 represents the Freysoldt correction, which is obtained for each defect
using a cutoff energy of 600 eV [127] and a relative permittivity of SnO of 15 [126].

3.2

Results and Discussion

Results for the convergence analysis of the supercell size are presented in table 3.1,
both for the Sn 4d orbitals treated as core and valence states. Comparison of the
present results with the literature shows excellent agreement for the VSn and Oi
defects in the charge neutral state. On the other hand, we find a significant difference
of 0.17 eV (about 12%) for the formation energy of VO , which is consistent with
the observation that different generalized gradient approximations cause shifts of the
formation energies of metal monovacancies by upto 15% [128]. Usage of a different
correction method for charged states may account for further discrepancies to Ref.
[70].
Table 3.1: Formation energies of SnO native defects in the O-rich limit for different
supercell sizes and for the Sn 4d orbitals treated as core or valence states (in eV).
Sn 4d states Supercell size V−2
V−1
VSn Oi
VO V+1
V+2
Sn
Sn
O
O
Valence
3×3×3
1.86 1.46 1.41 0.99 1.44 1.31 1.23
4×4×3
1.75 1.45 1.38 0.99 1.44 1.36 1.11
Core
3×3×3
1.72 1.35 1.31 0.96 1.50 1.40 1.35
4×4×3
1.69 1.37 1.31 0.97 1.52 1.44 1.19
Not specified [125]
3×3×3
—
— 1.30 1.02 —
—
—
Core [70]
4×4×3
1.42 1.34 1.30 0.97 1.35 1.17 1.01
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Table 3.2: Formation energies of SnO native defects under tension and compression
(in eV/GPa).
V−2
V−1
VSn
Oi
VO
V+1
V+2
Sn
Sn
O
O
Tension 0.32
0.30
0.31
0.09
0.10 −0.04 −0.32
Compression −0.16 −0.16 −0.15 −0.01 −0.08 −0.09 0.15

Figure 3.2: Formation energies of SnO native defects under tensile strain (top row),
no strain (middle row), and compressive strain (bottom row) for the Sn-rich (left
column) and O-rich (right column) limits. Each colour represents a different type
of defect and dots represent changes of the excitation state. The coloured bars on
bottom of the graphs give the defects with lowest formation energy.
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Table 3.1 demonstrates that the formation energies deviate for the two supercell
sizes. The higher the charge of the system the higher is the difference, because the
interaction with periodic images is enhanced. Even with the Freysoldt correction the
differences are relevant, reaching 0.12 eV (about 10%) for a doubly charged defect
(Sn 4d states treated as valence states). In addition to this quantitative difference,
the trend of the formation energy change is not the same for all charge states of the
same defect. For VO , for example, in the larger supercell the 0 and +1 charge defects
have a higher formation energy but a lower in the +2 charge state. To avoid a wrong
qualitative description of the stability of this defect, thus, the larger 4×4×3 supercell
has to be used. According to table 3.1 the results differ significantly when the Sn
4d orbitals are treated as core or valence states. Differences occur for both the VSn
and VO defects in all charge states, being often larger than the effect of the supercell
size. For the 4 × 4 × 3 supercell we obtain discrepancies of upto 0.08 eV (about 7%),
which is enough to affect the results qualitatively. Thus, even though the Sn 4d states
are low in energy they play a role in the defect formation, probably because of their
small but finite hybridization with the O 2s states [121]. The following considerations
consequently are based on the 4 × 4 × 3 supercell with the Sn 4d orbitals treated as
valence states.
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Figure 3.3: Colour on-line) Same as the bottom left panel in fig. 2 but calculated
taking into account an onsite interaction of 2.5 eV for the Sn p states.

Turning to the stability of SnO native defects under strain, we study tension by
applying a pressure of −1.4 GPa and compression by applying a pressure of +1.4
GPa. The variation of the formation energy under strain is summarized in table
3.2. For Oi we find almost the same value for compression and a slight increase for
tension, whereas for VSn there is a clear increase (decrease) for tension (compression).
In the latter defect the variation is similar for all charge states, whereas for VO
the different charge states behave differently. The charge neutral VO resembles the
behaviour of VSn , but with lower magnitudes. On the contrary, an V+2
O defect shows
a similarly strong variation as VSn , but is more stable under tension and less stable
under compression. Finally, for V+1
O the formation energy is reduced for both tensile
and compressive strain. To visualize how these variations modify the relative stability
of the defects, we show in figure 3.2 the formation energy as a function of the Fermi
energy, which depends on external factors such as the temperature.. The curve for
zero strain agrees well with Refs. [70, 106]. In the Sn-rich limit the most stable defects
are V+2
O from the VBM to 0.17 eV, charge neutral VO from 0.17 eV to 0.40 eV, and
−2
V−2
Sn at higher Fermi energy. In the O-rich limit, the Oi and VSn defects are most
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stable below and above a Fermi energy of 0.38 eV, respectively. Under tension the
formation energy of V+2
O is lowered significantly to make it the most stable defect near
the VBM, even in the O-rich environment. On the other hand, in the Sn-rich limit we
obtain no qualitative change under tension, because V+2
O was already the most stable
defect without strain. Under compression the formation energy of V+2
O increases while
that of V+1
O decreases, so that the latter becomes the most stable defect in the Snrich limit. In addition, because the band gap is reduced, VSn is no longer preferable
near the CBM. Therefore, the most stable defect is always V+1
O , which renders an
n-type characteristic to SnO under these conditions. In order to make sure that this
conclusion does not depend on the underestimation of the band gap in the generalized
gradient approximation (the band width of the mid-gap states of the V+1
O defect is 0.2
eV), we have taken into account an onsite interaction of 2.5 eV for the Sn p states. In
this case the band gaps without pressure and under compression increase from 0.46
eV to 0.53 eV and from 0.07 eV to 0.20 eV, respectively, for the defect-free system.
According to figure 3.3, the n-type character is maintained. In the O-rich limit, see
figure 3.2, the formation energy of VSn throughout the band gap is higher than that
of charge neutral Oi , giving rise to an undoped semiconductor. As a consequence,
control of the growth conditions in combination with compressive strain can be used
to tailor the dominating defects and, thus, to transform SnO from a p-type to either
an n-type or an undoped semiconductor.
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Chapter 4
Magnetism in 3d Transition Metal Doped SnO

The typically strong interplay between charge, spin, and orbital degrees of freedom
in oxides paves the way to a variety of exciting applications [129]. In addition, many
oxides can sustain doping with very high concentrations, reaching up to 30% in ZnO
[130] and SnO2 [131], for example. Oxides doped with 3d transition metals (TMs) are
interesting as ferromagnetic (FM) materials for applications in the fast expanding field
of spintronics, including spin valves and magnetoresistance devices [132, 133, 134].
Room temperature ferromagnetism has been reported for Co doped ZnO [135], Cr
doped Fe2 O3 [136], and BaTiO3 doped with Sc, V, Cr, Mn, Fe, Co, Ni, and Cu [137].
While localized d states (with a much smaller bandwidth than s and p states) at the
Fermi energy are susceptible to spin polarization [138], typically the magnetic coupling
depends critically on the doping site and on the hybridization between the dopant
atoms and host [139, 131, 140]. SnO recently has gained attention as a transparent ptype semiconductor with record hole mobility [10], which can be explained by intrinsic
defects that modify the edge of the valence band [107]. The material properties are
unusually sensitive to applied strain [141].
Realization of spin polarization as an additional feature would result in a very
powerful functional material. Experiments on SnO substitutionally doped with 1%
and 5% Fe have found room temperature paramagnetism with the antiferromagnetic
(AFM) interaction becoming weaker as the concentration of dopant atoms increases
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[142]. Since no theoretical work has been reported on 3d TM doping in SnO so far,
though the small number of known p-type oxides makes the realization of magnetic
SnO particularly interesting, we use first principles calculations to gain insight into
the electronic and magnetic properties. Formation energy calculations are used to
find the favorable doping sites and the spatial arrangement of the dopant atoms is
studied to clarify the effect of clustering.

4.1

Computational Details

The Perdew-Burke-Ernzerhof parametrization of the generalized gradient approximation is used to model the exchange correlation potential [122]. The wavefunctions are
expanded into plane waves with an energy cutoff of 400 eV, considering the valence
configurations Sn 5s2 5p2 , O 2s2 2p4 , and TM 4s2 3di with i = 1, . . . , 10. In order to
study magnetism, doping of 3d TM atoms with 12.5% concentration is simulated by
placing two dopant atoms in a SnO supercell of size 2 × 2 × 2. A k-mesh of size
9 × 9 × 7 and the tetrahedron method (broadening 0.02 eV) are used for the k-space
integration. In each case the calculation is continued until an energy convergence of
10−4 eV and an atomic force convergence of 0.01 eV/Å are achieved. For calculating
formation energies, a low doping concentration of 1% is addressed using a SnO supercell of size 4 × 4 × 3 with one dopant atom and a k-mesh of size 5 × 5 × 5, where
octahedral, tetrahedral, and substitutional sites are taken into account.
The stability of a neutral defect X is determined by means of the formation energy
[95, 115]
E f (X) = Etotal (X) − Etotal (host) −

X

ni µi ,

(4.1)

i

where Etotal (X) is the total energy of the supercell with the defect, Etotal (host) is
the total energy of the pristine supercell, and ni is the number of atoms of species
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Figure 4.1: Schematic structures of the doping configurations (concentration 12.5%)
under consideration: (a) close and (b) separated.
i required to create the defect (positive/negative when atoms are added/removed).
Finally, µi is the chemical potential of species i. The constraint to form SnO and
not SnO2 or metallic β-Sn is given by µSn = µβ -Sn in the Sn-rich limit and by µSn =
2µSnO − µSnO2 in the O-rich limit. These chemical potentials as well as those of the
dopants are taken from the bulk metals in the Sn-rich limit and from the most stable
binary oxides in the O-rich limit. For the Sn-rich (O-rich) limit we obtain µSn = −3.96
eV (−4.21 eV) and values of −6.20 eV (−7.81 eV), −7.76 eV (−6.80 eV), −8.94 eV
(−6.86 eV), −9.51 eV (−5.91 eV), −9.03 eV (−4.63 eV), −8.31 eV (−3.77 eV), −7.11
eV (−2.71 eV), −5.57 eV (−1.64 eV), −3.72 eV (0.10 eV), and −1.27 eV (0.75 eV)
for Sc, Ti, V, Cr, Mn, Fe, Co, Ni, Cu, and Zn, respectively. We study configurations
with two close (distance 3.9 Å) or separated (distance 7.4 Å) TM defects, as defined in
Fig. 4.1, which represent the shortest and longest possible distances in our supercell.
For each case we examine nonmagnetic (NM), FM, and AFM states.

4.2

Results and Discussion

SnO has a tetragonal litharge structure with space group P 4/nmm and lattice parameters a = 3.80 Å and c = 4.84 Å [116]. Our optimized lattice parameters a = 3.87
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Figure 4.2: Partial DOS of (a) pristine and (b) Ti-doped SnO.
Å and c = 5.03 Å agree well with previous findings [70, 106]. We do not optimize the
lattice parameters after doping, as the change is known to be negligible [143]. SnO
has an indirect band gap of 0.7 eV, which is well approximated by our calculations
(0.4 eV), consistent with previous findings [144]. The partial density of states (DOS)
curves shown in Fig. 4.2 for pristine SnO demonstrate strong hybridization between
the Sn and O states, particularly at the valence and conduction band edges, in agreement with Ref. [57]. Comparison to results for Ti-doped SnO in Fig. 4.2 indicates
that the hybridization is hardly affected, which also applies to the other TM dopants,
so that we can omit distinguishing between Sn and O in the following and refer only
to the host states. The calculated formation energies given in Fig. 4.3 for different
defect sites show that substitution for most dopants is energetically favorable over
intercalation at octahedral or tetrahedral sites in both the O-rich and Sn-rich limits.
The fact that the formation energies of interstitial defects are large for large dopants
but comparable to those of substitutional defects for small dopants indicates that the
space available for interstitial defects in SnO is very limited.
Structural optimization reveals a large relaxation energy that can be explained
by the fact that the Sn-O bond length is uncommonly large (2.25 Å) as compared to
other TM oxides [145]. As a consequence, much energy can be gained by optimizing
the distance between the dopant and O atoms. Comparison of the shifts of the
dopant atoms toward the O layer during relaxation, as summarized in Fig. 4.4, to the
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Sc
Ti
V
Cr
Mn
Fe
Co
Ni
Cu
Zn

Octahed.
+1.71
+2.61
+3.35
+3.09
+2.89
+3.76
+2.31
+1.31
+1.68
+2.43

Tetrahed.
−0.71
+0.28
+2.62
+4.75
+2.68
+2.93
+2.64
+1.96
+2.32
+2.34

Substit.
(O-rich)
+0.58
−0.40
+0.64
−0.40
−2.13
−1.35
−0.88
−0.68
−0.22
+0.26

Substit.
(Sn-rich)
−2.88
−1.29
+0.87
+1.35
+0.37
+1.25
+1.63
+1.39
+1.75
+0.42

Figure 4.3: Formation energies (in eV) of 3d TM doped SnO (concentration 1%) for
different doping sites.
corresponding ionic radii [146] demonstrates a pronounced correlation: The larger the
dopant the smaller is the shift. In general, shifting of the dopant atoms toward the
O layer, see Fig. 4.1, brings them close to a square planar coordination, which breaks
the degeneracy of the d states, since the interaction of the dyz,xz and O 2p states is
enhanced so that the former shift to higher energy to approach the dxy states. In effect
we obtain almost degenerate dxy,yz,xz states, while the d3z2 −r2 states (lower energy)
and dx2 −y2 states (higher energy) are hardly affected. Interestingly, spin polarized
structural optimization results in larger distances of the dopant atoms to the O layer
and thus in a weaker crystal field splitting. This pronounced difference between the
spin degenerate and polarized relaxation patterns shows that the spin-lattice coupling
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Figure 4.4: Shifts of the dopant atoms toward the O layer during relaxation.
is unusually strong.
For investigating the electronic properties of 3d TM doped SnO, we provide in
Figs. 4.5 and 4.6, respectively, partial DOS curves of NM and FM solutions for the
separated configurations, see Fig. 4.1(b). Although most dopant atoms can also
support other oxidation states, we find, by integrating the DOS up to the Fermi
energy, that all of them adopt +2 states. Since the TM 4s orbitals are empty, the 3d
states are stepwise filled from Sc (d1 ) to Zn (d10 ). For each dopant the competition
between the crystal field splitting and Hund’s rule provides the d orbital occupations
shown in Fig. 4.7. For Sc doping the NM DOS in Fig. 4.5 shows mostly Sn 5p states
at the Fermi energy that develop a spin splitting of about 0.7 eV, see Fig. 4.6, almost
recovering an insulating character. For Ti doping no FM solution could be obtained,
which is not surprising as Fig. 4.5 shows a vanishing DOS at the Fermi energy (filled
d3z2 −r2 states, also explaining the insulating character).
The next dopants of the TM series start filling the dxy,yz,xz states. For V doping a
high DOS appears at the Fermi energy, giving rise to a FM state with pronounced spin
splitting, see Fig. 4.6, affecting also the d states far away from the Fermi energy. Cr,
Mn, and Fe doping (two, three, and four dxy,yz,xz electrons) show a similar behavior.
The strong spin splitting here comes along with the largest magnetic moments, see
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Figure 4.5: Partial DOSs of 3d TM doped SnO for the separated configurations when
spin degeneracy is enforced (NM state).
Fig. 4.8. For Co doping we obtain a reduced DOS at the Fermi energy and accordingly
a smaller spin splitting. For Ni doping the dxy,yz,xz states are fully occupied and we
consequently find an insulating character as well as a NM ground state, whereas
for Cu doping one hole remains in the spin minority channel of the dx2 −y2 states.
Finally, for Zn doping the dx2 −y2 states are fully occupied. The expected insulating
character and NM ground state are confirmed as no FM solution could be obtained.
We note that along the 3d TM series the hybridization between the host and TM spin
majority states grows (valence band), while it is reduced for the TM spin minority
states (conduction band).

65

Figure 4.6: Partial DOSs of 3d TM doped SnO for the separated configurations in
the FM state.
Total energy differences between the FM/AFM and NM solutions obtained for
the different dopants are provided in Fig. 4.9. If no spin polarized solution could be
obtained, no value is reported. The corresponding magnetic moments are given in Fig.
4.8. For the separated configuration, the energy difference between the FM and AFM
states is almost zero for Cr, Mn, Fe, and Co doping, suggesting paramagnetic ground
states. For Fe doping this confirms the experimental results of Ref. [142]. On the
other hand, the ground state is FM for V and Cu doped SnO with a substantial energy
gain. The magnetic moments of 1.19 µB and 0.52 µB , respectively, are comparable
to the values reported for V doped SnO2 (1.17 µB ) in Ref. [147] and for Cu doped
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Figure 4.7: Square planar crystal field splitting with (virtually) degenerate dyz,xz and
dxy states and orbital occupations obtained for the FM separated configuration.
SnO2 (0.61 µB ) in Ref. [148]. We calculate the Curie temperature using the mean
field approximation
TC =

2 ∆E
·
,
3 kB

(4.2)

where ∆E is the energy difference between the FM and AFM states and kB is the
Boltzmann constant. We obtain TC = 699 K for Cu and TC = 1272 K for V.
Figure 4.8 demonstrates high spin states for Cr, Mn, Fe, and Co doping, with
magnetic moments close to the expected values, see Fig. 4.7. On the other hand, for
Ti, V, and Ni doping the crystal field splitting results in low spin states. The magnetic
moments obtained for Sc, Cu, and Zn doping confirm our expectations from Fig. 4.7.
We observe that the energy gains given in Fig. 4.9 (separated configuration) correlate
with the magnitudes of the realized magnetic moments, see Fig. 4.8. Except for V and
Cu doping, the AFM DOS (Fig. A.1 of the Supplementary Material) is always very
similar to the FM DOS (the two dopant atoms having opposite spin) and also the
AFM and FM results in Fig. 4.9 for the separated configuration are almost identical.
This fact indicates that there is essentially no interaction between the dopant atoms,
which is expected as their distance is large (7.4 Å). We note that for Sc doping (mostly
5p states at the Fermi energy) no AFM solution is obtained.
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Sc
Ti
V
Cr
Mn
Fe
Co
Ni
Cu
Zn

FM
Close
Separated
M1,2 Mt M1,2 Mt
0.31 1.13
0.96 1.91
2.50 5.16 1.19 2.16
3.52 7.23 3.51 7.22
3.42 6.93 4.31 9.16
3.48 7.71 3.49 7.74
1.47 3.16 2.46 5.75
0.52 1.88
-

AFM
Close
Separated
M1,2
M1,2
±0.64
3.39,−3.46
±3.49
±2.93
±4.30
±3.38
±3.49
2.11,−1.26
±2.44
±0.44
-

Figure 4.8: Magnetic moments (in µB ) of the dopant atoms (M1,2 ) and total magnetic
moments (Mt ) in the FM and AFM states of 3d TM doped SnO for the close and
separated configurations.
The NM DOS (Fig. A.2 of the Supplementary Material) obtained for the close
configurations with a distance of 3.9 Å between the dopant atoms, see Fig. 4.1(a),
shows no qualitative difference from Fig. 4.5. Moreover, the energies in Fig. 4.9 are
similar for the close and separated configurations across the 3d TM series. According
to Fig. 4.8, for V doping the magnetic moment of the FM solution increases in the
case of the close configuration, while the AFM solution is lost. On the other hand,
according to Fig. 4.9, an AFM state is favorable for Fe and Co doping. We observe that
the favorable magnetic state in each case is associated with a substantially reduced
dopant-O-dopant bond angle (approximately 10◦ to 20◦ ). No spin polarized solution
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Sc
Ti
V
Cr
Mn
Fe
Co
Ni
Cu
Zn

Close
FM−NM AFM−NM
0.09
−0.42
−1.79
−1.78
−1.72
−1.66
−1.12
−1.26
−0.29
−0.30
-

Separated
FM−NM AFM−NM
−0.08
−0.22
−0.06
−2.10
−2.11
−2.06
−2.07
−1.32
−1.31
−0.15
−0.16
−0.16
−0.07
-

Figure 4.9: Energy differences (in eV per dopant atom) between the FM/AFM and
NM states of 3d TM doped SnO for the close and separated configurations.
could be stabilized for Cu doping. The general trend is that interaction of dopant
atoms counteracts spin polarization, except for V. It thus can be expected that an
increasing concentration of dopant atoms will result in a NM ground state, so that
careful doping engineering is required to avoid cluster formation in order to realize
spin polarization.
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Chapter 5
Formation of Metallic States between Insulating SnO and
SnO2

Transparent conducting oxides are frequently applied in solar cells and flat panel
displays [149]. While there are many n-type materials in this class, such as In2 O3 ,
ZnO, and SnO2 , only few p-type materials are known, including CuAlO2 , SrCu2 O2 ,
and ZnRh2 O4 . In addition, p-type transparent conducting oxides typically show a
much lower mobility than the n-type analogues [7]. Recently, substantial progress has
been achieved in this respect, as a record hole mobility has been obtained in SnO [10],
which opens up many new possibilities in transparent electronics. Sn supports the
oxidation states +2 and +4, which indeed leads to two stable oxides, SnO and SnO2 .
SnO2 is a well-known semiconductor with a direct band gap of 3.6 eV and is frequently
used in modern technology [63]. Similar to many other oxides, the conduction band
minimum is dominated by dispersive states, which can host n-type conductivity, while
the valence band maximum is dominated by O 2p states, which are rather localized so
that it is difficult to achieve reasonable p-type conductivity [64]. The n-type behavior
of SnO2 usually is attributed to O vacancies [150]. However, it is now accepted that,
in addition, substitution of H for O results in shallow donor states.
SnO has an indirect band gap of 0.7 eV, whereas the direct band gap amounts to
2.9 eV [151]. The valence band maximum consists of hybridized Sn 5s and O 2p states,
which makes them dispersive so that they can host p-type conductivity [64]. SnO is
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known to be oxidized into SnO2 when annealed in O-rich environment. Accordingly,
the required thermodynamic conditions (temperature and O partial pressure) to grow
SnO fall in a very narrow window [152]. The phase diagram shows that SnO is
formed below 270 ± 20 ◦ C [63] for 7% to 15% O partial pressure. In particular,
the mentioned record mobility has been obtained for 9% O partial pressure in a
mixed phase of SnO and metallic Sn [10]. Togo and coworkers have argued that Sn
vacancies are the origin of the p-type conductivity [70]. Yet, a recent study has argued
that the vacancy formation energy is too high to explain the observations and that
unintentional H impurities may form complexes with the Sn vacancies, which would
lower the formation energy and result in shallow acceptor states [153].
As the design of nanocrystalline materials requires understanding of the material
properties at an atomic level, great attention has been devoted to the effects of grain
boundaries, in particular, those on the conductivity [154, 155, 156]. While some
results indicate that grain boundaries act as conducting highways [157], other studies
rather interpret them as carrier traps [158, 159]. Grain boundaries between SnO
and SnO2 in polycrystalline samples have been investigated in Ref. [160]. Moreover,
SnO/SnO2 composites have been used for sensing (such as CH2 Cl2 and H2 ), because
of an improved performance as compared to pure SnO2 [160, 161]. In the present
work we investigate stoichiometric SnO/SnO2 interfaces by density functional theory,
aiming at identifying their intrinsic properties. Although both component oxides are
semiconductors, we demonstrate that metallic states are formed at the interface. The
physical origin of this phenomena is clarified and discussed in detail.
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5.1

Computational Details

We explore the electronic properties of SnO/SnO2 interfaces with different terminations. Pseudopotentials are generated by the projector augmented wave method and
the Perdew-Burke-Ernzerhof generalized gradient approximation is employed [122].
Moreover, the O 2s, 2p and Sn 5s, 5p electrons are treated as valence states, while
the energetically lower orbitals are core states. We use Wigner Seitz radii of 1.26 Å
and 1.59 Å for O and Sn, respectively. The cutoff energy for the plane wave basis
functions is set to 400 eV and a Γ-centered k-mesh of size 5 × 2 × 1 is used for the
Brillouin zone integrations with a 0.06 eV Gaussian smearing. Self-consistency is
considered to be achieved at a total energy threshold of 10−4 eV. The interatomic
forces are relaxed down to 0.6 eV/Å.
SnO2 has a rutile structure with space group P 4/mnm and lattice parameters
a = b = 4.737 Å and c = 3.186 Å [52]. On the other hand, SnO has a litharge structure
with space group P 4/nmm and lattice parameters a = b = 3.804 Å and c = 4.826 Å
[52]. We have re-optimized these values to avoid strain effects. The obtained band
gaps of bulk SnO and SnO2 are 0.40 eV and 0.68 eV, respectively. Following the
experiment [63, 10], we built supercells along the [110] direction for the two possible
terminations shown in Fig. 5.1, using supercell sizes of 2 × 5 × 3 and 3 × 4 × 3 for SnO
(110) and SnO2 (110), respectively. The lattice parameters in these setups mismatch
by moderate 3.0% and 0.1% along the a and b-axis, respectively. A vacuum layer
of thickness 15 Å is added to the supercell to realize a SnO/SnO2 interface instead
of superlattice. This thickness is sufficient to avoid artificial interaction through the
periodic boundary conditions.
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Figure 5.1: Schematic representations of the two interface terminations under investigation, defining the atomic layer numbers used in the discussion.

5.2

Results

We first address in Fig. 5.2 the density of states (DOS) at the Fermi energy for the two
relaxed interfaces, which is plotted versus the atomic layer number, compare Fig. 5.1.
Remarkably, we obtain finite values for both interfaces and therefore metallic states.
Moreover, Fig. 5.2 displays a quick decay of the metallicity away from the interfaces,
as expected from the semiconducting nature of the bulk compounds. Interface I,
see Fig. 5.2(a), reveals a higher DOS at the Fermi energy and therefore has a higher
number of states available for conduction than interface II, see Fig. 5.2(b), which raises
the question about the origin of this significant difference. Insight is provided by the
partial DOS, as addressed for selected atomic layers in Fig. 5.3. The results show
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that the main contributions to the metallic states are from atomic layers adjacent to
the interfaces (depicted by black lines), in particular to the O atoms in layer 13 (see
labels in Fig. 5.1) for interface I and to the O and Sn atoms in layers 12 and 13 for
interface II. The bulk-like SnO and SnO2 layers (depicted by red lines), in particular
layers 8 and 17 [Fig. 5.3(a)] as well as layers 6, 7, and 19 [Fig. 5.3(b)], are close to a
semiconducting state, whereas the bulk-like SnO layer 7 [Fig. 5.3(a)] maintains some
metallic states. This fact corresponds to the slower decay of the metallicity away
from the interface in the SnO region as compared to the SnO2 region, see Fig. 5.2.

Figure 5.2: DOS at the Fermi energy versus the atomic layer number, as defined in
Fig. 5.1.
For SnO at interface I the electronic reconstruction in general is stronger than
at interface II. It is expected that for a thicker SnO slab, which, however, is compu-
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tationally too expensive to be accessible, the bulk-like region will fully recover the
semiconducting state of the bulk. Figure 5.3(a) also demonstrates that the valence
states of the atomic layers adjacent to interface I, namely layers 13 and 12, shift
to higher energy and thereby cross the Fermi energy, indicating hole formation. A
similar shift is observed for the O states in layer 13, see Fig. 5.3(b). This situation
appears to be qualitatively similar to the interfaces between the insulating perovskites
LaAlO3 and SrTiO3 [162] as well as KTaO3 and SrTiO3 [163], for example. On the
other hand, Fig. 5.3(b) shows that the Sn conduction states of layer 12 shift to lower
energy so that they become occupied.

Figure 5.3: DOS for selected atomic layers with maximal and minimal contributions
to the metallicity.
In the light of the above discussion, we can consider both our supercells to consist
of a grain boundary as well as two bulk-like grains, even though experimental grain
boundaries typically are wider. In order to analyze the different regions separately,
we show in Fig. 5.4 charge difference curves, calculated by subtracting the Bader
atomic charges of the relaxed interfaces from those of the respective bulk materials
for each atomic layer (the charge difference is summed over all atoms in the layer). At
interface I, see Fig. 5.4(a), both SnO and SnO2 are doped with holes (0.04 and 0.02 per
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Figure 5.4: Charge difference per atomic layer, calculated by subtracting the Bader
atomic charges of the relaxed interfaces from those of the respective bulk materials.
Dotted lines represent analogous results obtained for H passivation of the surfaces.
atom, respectively), whereas the bulk-like regions are slightly hole and electron doped,
respectively. On the other hand, at interface II, see Fig. 5.4(b), SnO is doped with
holes and SnO2 with electrons (0.14 and 0.18 per atom, respectively). The bulk-like
regions show a similar doping as reported for interface I. Since dangling bonds at the
created SnO and SnO2 interfaces to the vacuum may affect the electronic properties,
we have checked whether the results change when we passivate the surfaces by fully
charged H atoms. Comparison of the full lines (not passivated) and dotted lines
(passivated) in Fig. 5.4 shows only minor differences.
As mentioned earlier, the conductivity in both oxides is usually attributed to the
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formation of native defects, in particular O vacancies that provide electrons in SnO2
[164] and Sn vacancies that provide holes in SnO [70]. Our results show that grain
boundaries can support the conductivity of the grains by providing additional carriers,
even in the absence of native defects. This observation explains the experimental fact
that a SnO/SnO2 polycrystal shows an improved performance in sensing applications
as compared to pure SnO2 [160]. Interface I supports the conduction in SnO but not
in SnO2 , where the formation of holes is expected to eliminate the available electrons.
On the other hand, interface II supports conduction in both SnO and SnO2 , showing
that the interface properties are very sensitive to the termination layer.

5.3

Mechanism

We now turn to the mechanism behind the formation of metallic states at SnO/SnO2
interfaces. To this aim, we analyze the Sn-O chemical bonding in both bulk compounds, in particular the interplay of bonding and antibonding states, which may act
as driving force for charge transfer. The crystal orbital Hamilton population (COHP)
is a reliable indicator of the bond character [165, 166, 167]. Negative values represent
bonding states and positive values antibonding states. COHP curves for the Sn-O
bonding in SnO and SnO2 are shown in Fig. 5.5. While SnO has occupied antibonding states close to the Fermi energy, the antibonding states of SnO2 are empty. More
importantly, the values of the COHP of SnO2 just above the Fermi energy are small.
This suggests that it is energetically favorable for electrons to transfer from SnO to
SnO2 .
Turning back to Fig. 5.4(a), we first observe for interface I that the lost charge in
the terminal Sn layer indeed agrees with charge transfer from SnO to SnO2 . However,
the terminal O layer in SnO2 does not gain charge as it would be expected. This can
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Figure 5.5: Bonding analysis of bulk SnO and SnO2 .
be explained by the smaller number of Sn atoms (20) in the terminal layer of the
SnO region of our supercell as compared to the number of O atoms in the terminal
layer of the SnO2 region, which thus cannot receive sufficient charge so that holes
are generated. More generally speaking, this effect is a consequence of the lattice
mismatch between SnO and SnO2 and stresses the role of the interface atomic structure. The described scenario is further supported by the DOS in Fig. 5.3(a), which
demonstrates that the two terminal atomic layers at interface I lose charge. The
partial DOS curves given in Ref. [59] reveal for the occupied antibonding states of
SnO at the Fermi energy a Sn 5s character, while the empty antibonding states of
SnO2 show an O 2p character. As a consequence, at interface II the COHP scenario
is only relevant for the Sn and not for the O terminal layer of SnO. Charge transfer is
still expected to occur, since the O terminal atoms in SnO are missing charge, which
can be compensated as the terminal SnO layer of SnO2 has dangling O bonds. Thus,
an additional mechanism is required for interface II to suppress charge transfer from
SnO2 to SnO.
Many properties, in particular the charge transfer, at oxide interfaces can be
understood in terms of the band alignment [168, 169, 170]. We provide in Fig. 5.6
the experimental band alignment diagrams of SnO and SnO2 [171], which show that
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Figure 5.6: Experimental band diagrams of the bulk materials [171]. Red labels
indicate the band character.
the valence band maximum of SnO2 appears at much lower energy than that of SnO.
By this 3.4 eV offset, there will be no charge transfer from SnO2 to SnO (donation of
electrons to O atoms in SnO). This picture agrees with Fig. 5.4(b), which shows that
the O terminal atoms of SnO lose charge as compared to the bulk, as well as to Fig.
5.3(b). On the other hand, the band alignment suggests that SnO2 can accomodate
extra charge, in agreement with Figs. 5.4(b) and 5.3(b), see in particular layers O 12
and Sn 12.
The underestimation of the band gaps of SnO and SnO2 in our calculations could
lead to artificial charge transfer from one material to the other. Therefore, we have
calculated the band diagrams of interfaces I and II and show the results in Fig. 5.7.
The valence band offset is given by [174, 175]

∆EV = (EVSnO − V SnO ) − (EVSnO2 − V SnO2 ) + ∆V,

(5.1)

where EVSnO = −0.23 eV and EVSnO2 = −0.26 eV are the valence band maxima of the
bulk materials and ∆V is the potential shift of 1.25 eV at interface I and 1.48 eV
at interface II. The macroscopic average electrostatic potentials of the bulk materials
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turn out to be V SnO = −9.77 eV and V SnO2 = −10.88 eV. We obtain valence band
offsets of 0.18 eV and 0.41 eV for interfaces I and II, respectively. The band alignments
in Fig. 5.7 therefore agree with the experimental situation in Fig. 5.6, so that spurious
charge transfer can be excluded.

Figure 5.7: Theoretical band diagrams obtained for interfaces I and II.
We note that the band alignment also supports the COHP mechanism at interface
I, as it suggests charge transfer from SnO to SnO2 . Indeed, the discussed difference in
the DOS at the Fermi energy between the two interfaces, see Fig. 5.2, is then simply
a consequence of the fact that charge transfer is favorable at interface I but not at
interface II. In summary, the formation of metallic states is related to charge transfer
as determined jointly by the chemical bonding and band alignment. As the band gap
in reality is larger than in our calculations, see above, the tendency to transfer charge
will be even enhanced. Since Sn2 O3 and Sn3 O4 phases may form during the oxidation
[172, 173], we have also studied the COHP for these two compounds. Both reveal
occupied antibonding states similar to SnO, so that our results on the SnO/SnO2
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interface apply to them equally.
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Chapter 6
Polar Catastrophe by Charge Density Discontinuity

Tin oxide has two stoichiometric phases, the monoxide (SnO) and the dioxide (SnO2 ),
the latter being frequently used in gas sensors, oxidation catalysts, and electrodes of
solar cells, for example [63]. Recently, attention has been paid to SnO after a record
hole mobility has been reported in Ref. [10], which opens a multitude of possible
applications. Although SnO/SnO2 grain boundaries form during the oxidation of Sn,
their properties are largely unknown [161], while in general oxide-oxide interfaces are
receiving much attention due to a variety of exciting phenomena [176, 177]. An important example is the two dimensional electron gas (2DEG) appearing at the interface
between the wide band gap semiconductors LaAlO3 and SrTiO3 [20]. Similar 2DEGs
are also found at other n-type interfaces [178, 179, 180, 181, 182], whereas an insulating character has been reported for the p-type LaAlO3 /SrTiO3 [20], LaVO3 /SrTiO3
[183], and NaNbO3 /SrTiO3 [184] interfaces, probably due to O vacancies that neutralize hole carries [185, 186]. Indeed, such defects form spontaneously at low O partial
pressure [39]. In order to maintain a two dimensional hole gas (2DHG), O vacancies
must be avoided. At an n-type interface the additional charge from O vacancies, on
the other hand, enhances the electron density [28].
The 2DEG at the LaAlO3 /SrTiO3 interface, which is well confined to the interface
region, commonly is attributed to the charge discontinuity at the contact between polar LaAlO3 and non-polar SrTiO3 . An increasing thickness of LaAlO3 would result in
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a potential divergence [24], the so-called polar catastrophe, and thus must be avoided.
Different compensation mechanisms have been proposed [185, 187, 188] and are still
under debate [189], the most famous being electronic reconstruction in terms of the
formation of 2D states. It has been pointed out that the efficiency of electronic reconstruction is supported by multivalent elements, as they enable charge redistribution
at lower energy cost [17]. The ideal amount of 0.5 electrons per perovskite unit cell,
as predicted by the polar catastrophe model, still could not be confirmed experimentally [189], which raises the question about other intrinsic factors that may modify
the interface charge. It has been argued that some of the charge may be localized by
disorder effects or electron-phonon coupling [29], though convincing evidence has not
been provided yet.

Figure 6.1: (a) Schematic representation of the SnO/SnO2 heterostructure with the
atomic layers numbered in sequence. (b) Charge density difference maps for the
indicated atomic layers and for layers 0.3 Å to the left and the right. Red/blue color
represents loss/gain of charge.
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We investigate the SnO/SnO2 (110) interface using density functional theory. Although the two component semiconductors do not give rise to a formal charge discontinuity at the (110) interface, we will demonstrate the formation of a 2DHG (even
in the absence of interfacial defects) and explain the observations by generalization
of the polar catastrophe model in terms of charge density discontinuity.

6.1

Computational Details

The Perdew-Burke-Ernzerhof generalized gradient approximation is employed together with a basis consisting of O 2s, 2p and Sn 5s, 5p orbitals and a cutoff energy
of 400 eV. Wigner-Seitz radii of 1.26 Å and 1.59 Å are used for O and Sn, respectively, the Brillouin zone is integrated on a 5 × 2 × 1 Γ-centered grid, and a Gaussian
smearing of 0.06 eV width is used. The electronic self-consistency criterion is set to
10−5 eV and convergence of the atomic forces is assumed for values below 0.05 eV/Å.
SnO2 has space group P 4/mnm with the lattice parameters a = b = 4.737 Å,
c = 3.186 Å and a direct band gap of 3.6 eV [52]. On the other hand, SnO has space
group P 4/nmm with the lattice parameters a = b = 3.804 Å, c = 4.826 Å [52] and
an indirect band gap of 0.7 eV (direct band gap between 2.5 eV and 3 eV) [190]. We
obtain band gaps of 0.68 eV (direct) and 0.40 eV (indirect) for the relaxed SnO2 and
SnO unit cells, respectively. The significant underestimation of the band gap of SnO2
is mainly due to the exchange contribution to the exchange-correlation potential, as
it can be overcome by hybrid functional calculations [191]. Although the band gaps
are underestimated, we have checked that the type of band alignment at the interface
between SnO2 and SnO agrees with the experiment [171], so that artifacts of the
methodology on the results in the following can be excluded.
The [110] growth direction is known to be preferred for SnO2 [59] and also has been
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reported for SnO [10]. Therefore, we built an interface between the two compounds
along this direction using a 3 × 4 × 3 SnO2 (110) supercell and a 2 × 5 × 3 SnO (110)
supercell. This setup minimizes the lattice mismatch (3.0% and 0.1% along the a and
b-axis, respectively) and avoids artificial strain effects, giving rise to the two interfaces
I and II illustrated in Fig. 6.1(a). By construction, both interfaces have on both
sides the composition of the respective bulk material. The final supercell comprises a
computationally challenging number of 672 atoms, for which the positions are relaxed
without imposing any restriction.

6.2

Results and Discussion

Since the LaAlO3 /SrTiO3 (001) interface grows epitaxially, its polar catastrophe is
usually discussed in terms of formal charge discontinuity rather than charge density
discontinuity. However, the density factor becomes important when there is substantial lattice mismatch. While simple cutting would result in polar (110) surfaces for
both SnO and SnO2 , there exist energetically favorable nonpolar (110) surfaces [21].
That of SnO2 is obtained by removing the outermost O atoms while maintaining
the bridging O atoms [193] and that of SnO by removing half of the surface atomic
species. As a consequence, in principle polar-polar, nonpolar-nonpolar, and polarnonpolar (110) interfaces can be formed between SnO and SnO2 . By full structural
optimization of supercells with two polar-polar or nonpolar-nonpolar (110) interfaces
we obtain an energy advantage of 10.9 eV in the former case, which therefore is
studied in the following. This result may surprise, since both SnO and SnO2 favor
nonpolar (110) surfaces, but is explained by the higher number of dangling bonds at
the nonpolar-nonpolar (110) interface.
We next analyze the density of states (DOS) as a function of the atomic layer
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Figure 6.2: Partial DOS for selected atomic layers in the (a) relaxed and (b) unrelaxed
supercells.
number as defined in Fig. 6.1(a). To this aim, partial DOS curves for selected atomic
layers are shown in Fig. 6.2(a). Those next to an interface (black lines) show a metallic
character, for example, Sn layer 18. We also notice that the O states of layers 5 and
17 as well as the Sn states of layer 6 shift to higher energy, which indicates that
electrons are donated. In contrast, the Sn states of layer 18 shift to lower energy
and accept electrons. The atomic layers in the middle of the SnO and SnO2 slabs
still show some metallic states. For thicker slabs the semiconducting characters of
the bulk materials would be fully recovered. However, even if this is not the case for
our supercell size, no drawback is expected on the validity of our below reasoning,
because the two interfaces are well separated by almost 15 Å.
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Structural relaxation effects at interfaces, in general, are strong and therefore have
to be taken into account. However, results for the unrelaxed supercell in Fig. 6.2(b)
show minor differences to Fig. 6.2(a), at least on a qualitative level, suggesting that
the physics underlying the creation of metallic states must be of electronic rather
than of structural origin. The energetic shifts of the states of the O terminal layers
of SnO2 at interface I (layer 5) and SnO at interface II (layer 17) are reduced by the
structural relaxation, whereas only small modifications affect the two other terminal
layers 6 and 18. Minor effects of the relaxation on the electronic states previously
have been reported for the KTaO3 /SrTiO3 interface and are due to a small lattice
mismatch [163], whereas in the present case this is an unexpected finding as the
relaxation at our interfaces is substantial.

Figure 6.3: Charge difference per atomic layer calculated by subtracting the Bader
atomic charges of the relaxed supercell from those of the bulk compounds. The dashed
lines are results obtained for a force convergence criterion of 0.35 eV/Å. The small
deviations from the full lines (0.05 eV/Å) indicate that the observed effect is robust
against structural details.

In order to analyze the charge transfer from a spatial perspective, charge density
difference maps for the unrelaxed interfaces are depicted in Fig. 6.1(b), representing
charge loss/gain by red/blue color. We show the maps for the highlighted layers
as well as for layers 0.3 Å to the left and the right, for tracking the exact charge
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transfer scenario. Rather homogeneously distributed holes are observed in the two
O terminal layers 5 and 17, representing a 2DHG. We note that the red circular
areas seen in layer 18 are related to the O atoms in layer 19, which suggests that the
charge transfer is not restricted to the interface itself but reaches one atomic layer
farther. Charge differences added for each atomic layer of the relaxed supercell are
computed by subtracting the Bader atomic charges from the corresponding charges
of the bulk compounds. The results in Fig. 6.3 show accumulation of 4.9 and 4.5
electrons, respectively, in layers 4 and 18, which reside in Sn 5p orbitals and thus are
well localized, supporting our interpretation of Fig. 6.1(b). On the other hand, 3.9,
2.5, and 2.0 holes, respectively, are found in layers 5, 16, and 17. Furthermore, the
SnO region becomes slightly hole doped and the SnO2 region slightly electron doped.

Figure 6.4: Rumpling of the crystal structure across the supercell.
The polarization at polar-polar interfaces can have valence, structural, and electronic contributions [192]. The electronic contribution vanishes in the present case,
as both SnO and SnO2 have a centrosymmetric structure. The structural contribution is given by the rumpling [192], for which the results in Fig. 6.4 show almost
negligible deviations from the bulk value of 0.5 and thus exclude a structural origin
of the metallic states. Our next aim is to investigate the valence contribution to the
2DHG. Along the [110] direction, SnO is composed of alternating layers of O and
Sn atoms, whereas SnO2 consists of alternating layers of O atoms and SnO layers.
The formal charge thus alternates between +2 and −2 in both cases and we have no
formal charge discontinuity, i.e., the electric field oscillates symmetrically around zero
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so that no potential can build up. As a consequence, the polar catastrophe scenario
appears not to be relevant in our case. However, we propose a generalization of this
model: In the absence of formal charge discontinuity a charge density discontinuity
at the interface, being a consequence of substantial lattice mismatch, can create a net
dipole. This net dipole would, as the thickness increases, lead to potential divergence
that must be avoided by means of electronic reconstruction.

Figure 6.5: (a) Schematic representation of the atomic layer charges before electronic
reconstruction. (b) Electric field and (c) corresponding potential.
In contrast to interfaces of compounds with the same structure, in our case the
formal charge per area is different in the SnO (110) and SnO2 (110) planes, which we
describe in terms of a density factor G < 1 assigned to SnO, see Fig. 6.5(a). In our
supercell, we count at interface I that 24 Sn+2 ions meet 20 O−2 ions and at interface
II that 24 Sn+4 and 24 O−2 ions meet 20 O−2 ions. The density factor consequently
amounts to G = 5/6. Figure 6.5(b) demonstrates (exaggerated for clarity) that the
charge density discontinuity leads to a nonsymmetric oscillation of the electric field
around zero and therefore to a potential divergence, see Fig. 6.5(c). In the common
polar catastrophe model a valence change of the cations at the interface compensates
the divergence, which has been experimentally confirmed for the LaAlO3 /SrTiO3
(001) [17] and La0.9 Sr0.1 MnO3 /SrTiO3 (001) [194] interfaces. However, in principle
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different electronic reconstruction scenarios are possible to achieve compensation. The
favorable scenario can be derived from ab-initio calculations.

Figure 6.6: (a) Schematic representation of the atomic layer charges after electronic
reconstruction, where δ is the compensation charge. (b) Electric field and (c) corresponding potential.
According to Fig. 6.3, at interface I an amount of δ electrons is accommodated
in the Sn 5p orbitals in layer 4 (Sn valence +4 − δ) and at interface II an amount of
δ/2 holes resides in the Sn 5p orbitals of layer 16 as well as in the O 2p orbitals of
layer 17 (Sn valence +2 + δ/2, O valence −2 + δ/2). The electronic reconstruction
is illustrated schematically in Fig. 6.6(a). We note that the generated electric field
in this situation, see Fig. 6.6(b), indeed does not give rise to a potential divergence,
see Fig. 6.6(c). The band alignment diagrams of SnO and SnO2 [171] show that the
valence band maximum of SnO2 is about 2.5 eV lower than that of SnO. Therefore,
charge transfer from SnO to SnO2 is energetically favorable, which fits perfectly to
our model, as at interface I the Sn states on the SnO2 side are occupied by δ electrons
and at interface II the Sn and O states on the SnO side are occupied by δ/2 holes,
see Fig. 6.6(a). It is thus the band alignment between the two oxides that results in
the specific electronic reconstruction. The formal amount of compensation charge,
δ = 4/24 = 1/6, agrees nicely with the numerical results in Fig. 6.3. Minor deviations
can be attributed to partial screening. We note that the proposed mechanism can
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be generalized straightforward to other polar-polar interfaces with substantial lattice
mismatch.
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Chapter 7
Polar Catastrophe at the MgO (100)/SnO2 (110) Interface

Tin dioxide (SnO2 ) is known for its transparency as well as for its chemical and
electronic properties that are used in a wide range of applications, such as solar cells,
sensors, and optoelectronic devices [63]. The low lying conduction band, as compared
to other oxides such as Cu2 O, MgO, and TiO2 , limits the efficiency as photoanode,
while an oxide overlayer (MgO or Al2 O3 , for example) can resolve this issue [195, 196].
An ultraviolet light emitting diode based on thin film SnO2 has been demonstrated in
Ref. [197]. It turns out that the addition of a MgO layer improves the emission due to
band bending. Similarly, the photovoltaic performance of a MgO/SnO2 photoanode is
enhanced as compared to one made from pristine SnO2 [198, 199]. For dye-sensitized
solar cells the device efficiency has been reported to jump from 0.5% to 1.2% [200]
as a consequence of lower resistance and slower recombination at the MgO/SnO2 electrolyte interface [201].
Epitaxial SnO2 thin films have been demonstrated on TiO2 (110) [202, 203] and
Al2 O3 (1̄012) [204], where the deposition method turns out to play a key role for the
film quality, besides the substrate. In addition, it is known that strain reduces the
optical band gap of SnO2 [205]. SnO2 (110) can be grown epitaxially on MgO (100) by
metalorganic chemical vapor deposition, which is compatible with mass production,
resulting in films with a remarkable transparency above 90% at 600 ◦ C and a direct
band gap of 3.93 eV [206], while otherwise little is known about the interface states.
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An understanding of the basic physics of the interface, however, is crucial for any
systematic optimization. Motivated by its technological relevance, we present here a
comprehensive first principles investigation of the MgO (100)/SnO2 (110) interface.
Although the two oxides are wide band gap insulators, we demonstrate the creation
of metallic interface states, which then are analyzed in detail to track their origin.

7.1

Computational Details

Figure 7.1: Schematic illustration of the MgO (100)/SnO2 (110) supercell.
The generalized gradient approximation (Perdew-Burke-Ernzerhof parameterization) is applied to the exchange-correlation functional and plane waves with an energy
cutoff of 400 eV are used in the basis set. An energy convergence of 10−4 eV is ensured. Structural optimization is carried out until the forces acting on the atoms
have converged to 0.05 eV/Å. A 13 × 13 × 1 Γ-centered k-mesh is used for the Brillouin zone integrations (tetrahedron method with 0.02 eV smearing). MgO (100) has
a cubic structure with lattice constant 4.212 Å, while SnO2 (110) has a tetragonal
structure with lattice constants a = 3.186 Å and b = 6.698 Å [206]. The calculated
band gaps are 4.75 eV and 0.68 eV for MgO and SnO2 , respectively. The MgO (100)
unit cell is rotated by 45◦ about the c-axis to fit on 2 × 1 SnO2 (110). Although
this setup results in a lattice mismatch of almost 7%, it agrees with the experimental
situation, as epitaxial growth has been reported in Ref. [206]. We create a supercell
comprising 4 unit cells of each compound along the c-axis with two interfaces, I and
II, due to the application of periodic boundary conditions, see Fig. 7.1. The final
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supercell lattice constants are a = b = 5.96 Å and c = 50.07 Å. We also investigate a
slab model of interface II using the same structure with a 10 Å thick vacuum region
inserted along the c-axis to the right of atomic layer 24 in Fig. 7.1. While SnO2 (110)
favors a non-polar surface [172, 207], we employ the stoichiometric polar surface in
our models, as short O-O and metal-metal distances at the interface to MgO (100)
must be avoided.

7.2

Results and Discussion

We show in Fig. 7.2(a) the density of states (DOS) at the Fermi energy calculated
for the atomic layers defined in Fig. 7.1. We observe at both interfaces a formation
of metallic states, which rapidly decay towards the bulk-like regions. The O atoms at
interface I show half-metallicity with magnetic moments of 0.34 µB and 0.07-0.14 µB
on the SnO2 and MgO sides, respectively. The spatial distribution of the spin density
is illustrated in the inset in Fig. 7.2(a). All spin polarized O atoms are characterized
by an enlarged distance to the neighboring cations (reduced orbital overlap). No spin
polarization is found at interface II, the MgO side being insulating and the SnO2
side metallic. Further analysis is provided in Fig. 7.2(b) by projecting the DOS on
selected atomic layers. The electronic states of the O 1 and O 24 interface layers shift
to higher energy and cross the Fermi energy for one spin channel (half-metallicity),
while those of the bulk-like O 6 and O 20 layers appear at much lower energy. The
DOS of the Sn 23 layer at interface I shows a small amount of spin minority states
at the Fermi energy in contrast to the bulk-like Sn 19 layer, while the DOS of the Sn
9 layer at interface II is clearly metallic (charge gain), in contrast to the bulk-like Sn
15 layer.
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Figure 7.2: (a) DOS at the Fermi energy versus the atomic layer number as defined in
Fig. 7.1. The inset shows the spin density around interface I, calculated by subtracting
the spin majority and minority charge densities (isovalue 0.003 electrons/Å3 ). (b)
DOS of selected atomic layers (black/blue: interface/bulk-like). The spin majority
DOS is plotted upwards and the spin minority DOS downwards.

Figure 7.3: Charge difference per atomic layer, calculated by subtracting the obtained Bader atomic charges from those of the corresponding bulk materials, for the
unrelaxed (dashed line) and relaxed (solid line) supercells.
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Figure 7.4: Side view of the SnO2 region after relaxation, showing substantial buckling
of the atomic layers adjacent to interfaces I and II.

Figure 7.5: Charge density difference maps for the atomic layers forming interfaces I
and II, calculated for the unrelaxed supercell (red/blue: loss/gain of charge; isovalue
0.003 electrons/Å3 ).
We address in Fig. 7.3 the charge difference per atomic layer, calculated by subtracting the Bader atomic charges obtained for the relaxed supercell from those of
the corresponding bulk materials (solid line). Holes are visible in the MgO terminal
layer at interface I and electrons in the SnO2 terminal layer at interface II. The SnO2
bulk-like region turns out to be slightly electron doped. Structural relaxation reveals
distortions throughout the SnO2 region, mainly relative shifts between the cations and
anions in the SnO atomic layers. This effect is most pronounced in layers adjacent to
the interfaces and decays quickly as the distance increases, see Fig. 7.4. The charge
difference curves in Fig. 7.3 for the unrelaxed supercell (dashed line) show excess
electrons for the Sn atoms at interface II and excess holes for the terminal O atoms
on the SnO2 side of interface I, as compared to the relaxed supercell (solid line). The
bulk-like Sn atoms and those at interface I are subject to almost no electron doping
in the unrelaxed case, while in the MgO region the relaxation slightly enhances the

96
formation of holes at both interfaces. For obtaining spatial insight into the metallic
states, we provide in Fig. 7.5 charge density difference maps for the terminal atomic
layers at both interfaces (unrelaxed supercell). The homogeneous distribution of the
electrons/holes on the SnO2 side of interface II/I indicates the formation of a quantum gas, while on the MgO side the interface states are rather localized. In order to
check whether artifacts of the finite supercell size (interaction between the two interfaces) affect our findings, we study a slab model of interface II. The obtained charge
difference curves in Fig. 7.6 show similar properties as those in Fig. 7.3 and also the
structural distortions turn out to be very similar. We therefore can exclude that finite
size effects play a role. In particular, the similarity of the bulk-like regions indicates
that the surface terminations do not influence the properties of the interface.

Figure 7.6: Charge difference per atomic layer for the slab model of interface II.
The formation of a two-dimensional quantum gas can be either of atomic (defects
[208], intermixing [42], O vacancies [35], buckling [209]) or electronic (charge discontinuity [20]) origin. In our case the buckling in the SnO2 region (the MgO region
shows hardly any buckling) could result in a polarization discontinuity that needs to
be screened by compensating charge at the interface. We note that the origin of the
buckling is the strain induced by the lattice mismatch [210, 211]. This mechanism
would apply, if structural relaxation would drive the system from an insulating into
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Figure 7.7: Polar catastrophe model: (a/b) Before/after the electronic reconstruction.
a metallic state. According to Fig. 7.3, however, this is clearly not the case, as we
find even excess charge in the Sn 9 layer. Turning to the possibility of an electronic
scenario due to charge discontinuity, we note that SnO2 (110) is polar, as it consists
of alternating O and SnO atomic layers with formal charges of −2 and +2, respectively. Since MgO is nonpolar, the interface encounters a charge discontinuity, which
causes a potential divergence (polar catastrophe [17, 212]) when the thickness of the
polar material increases, see Fig. 7.7(a). The potential divergence is avoided by electronic reconstruction in terms of the formation of a two-dimensional quantum gas.
Fig. 7.7(b) demonstrates the predictions of the polar catastrophe model, which agree
qualitatively with the results in Fig. 7.3.
Is there a critical thickness (minimal thickness that results in metallic interface
states) of SnO2 required to drive the polar catastrophe scenario? To answer this
question, we study interface II by a slab model with the thickness of SnO2 reduced
to one unit cell and otherwise exactly the same setup as used for the slab model
before. Since the generalized gradient approximation (giving metallic interface states
also in this model) underestimates the band gap and therefore could underestimate
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the critical thickness, we employ the PBE0 hybrid density functional [213], which
yields for bulk MgO and SnO2 band gaps of 6.91 eV and 2.59 eV, respectively. We
obtain similar metallic interface states as before. The calculated charge difference for
the Sn layer at the interface is only slightly reduced from 1.4 (generalized gradient
approximation) to 1.1 electrons. In contrast to the LaAlO3 /SrTiO3 heterostructure
[24, 214], there exists therefore no critical thickness in the present case. This surprising
result can be attributed to the larger charge discontinuity (0/±2) as compared to
the LaAlO3 /SrTiO3 heterostructure (0/±1), which is associated with an enhanced
electric field and therefore lowers the required thickness. The buckling observed in
the latter case [216, 215] has been attributed to screening of the inherent electric
field [25, 185]. Besides, it reduces the charge discontinuity at the interface [217]. The
same mechanism can explain the substantial buckling visible in Fig. 7.4, since in our
case the charge discontinuity is enhanced. Indeed, according to Fig. 7.3, the buckling
significantly reduces the amount of holes in the O 24 terminal layer of the SnO2
region and causes electron doping within this region. It also enhances the electronic
reconstruction in the MgO region, see the increased amount of holes in both terminal
layers. We note that the realized ferroelectric distortions can be used to gradually
change the electronic properties of the MgO (100)/SnO2 (110) interface by means of
an electric field.
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Chapter 8
O deficient LaAlO3 /SrTiO3 (110) and (001) superlattices
under hydrostatic pressure: A comparative first principles
study

Advances in deposition techniques have led to the discovery of a high mobility twodimensional electron gas (2DEG) at the (001) interface between the semiconductors
LaAlO3 and SrTiO3 , with potential applications in electronics [20]. The 2DEG is
subject to phenomena such as magnetism [219], strong spin-orbit coupling [220], and
superconductivity [221], which are found to be governed by the occupation of the
Ti 3d states. The occupation itself is determined by the octahedral crystal field
splitting into eg and t2g manifolds. At (001) interfaces the t2g manifold splits further
into lower dxy and higher dxz,yz states, whereas the opposite energetical order applies
to (110) interfaces. The fact that the dxy states extending parallel to the (001)
interface are occupied first gives rise to the observed 2DEG [222]. However, complex
interplay between the lattice relaxation (distortions of the TiO6 octahedra, orbital
reconstructions) and Ti 3d occupations has been reported in Refs. [223, 224, 225].
The origin of the 2DEG at the (001) interface has been debated controversially
for years, see Refs. [226, 188] for recent works. Widely accepted mechanisms to play
a major role are the polar catastrophe model [17] and the presence of O vacancies
[28, 162]. While O vacancies are expected to populate the 2DEG [35], the carrier
density at interfaces grown in O-rich environment is one order of magnitude lower

100
than predicted by the polar catastrophe model, raising questions about the underlying
mechanism [227]. Recent studies also have reported the formation of a 2DEG [228]
(and even superconductivity [34]) at the (110) interface of LaAlO3 and SrTiO3 , which
is not subject to charge discontinuity. While electrons donated by O vacancies reside
in Ti 3d orbitals [229], it has been observed that the interface polarity influences the
creation of these O vacancies, much less being formed at the n-type TiO2 /LaO than
at the p-type AlO2 /SrO (001) interface [230].
Deviating orbital occupations at the (001) and (110) interfaces [231] have been
explained by different energy landscapes of the t2g orbitals, which therefore determine
the spatial extension of the 2DEG [232]. Similarly, the confinement of SrTiO3 (001)
and (110) surface states is interlinked with the surface symmetry (twofold and fourfold, respectively) [233]. The spatial extension of the 2DEG at the (001) interface has
been widely investigated both experimentally and theoretically [234, 235]. It depends
on the O partial pressure during growth, ranging from hundreds of micrometers to
few nanometers [37]. Below a carrier density of ∼ 1014 cm−2 the 2DEG is confined
within 2 nm in the SrTiO3 region, occupying dxy states, while above this critical value
the dxz,zy states become occupied and the width increases dramatically [236].
Since the carrier mobility at oxide interfaces is orders of magnitude lower than
at III-V interfaces [20, 237, 189], for example, approaches to enhance it are of great
practical importance. Pressure engineering is considered to be a reliable method for
manipulating the electronic properties of 2DEGs, with ab-initio calculations being
a key tool. Uniaxial tension along the (100) direction applied to the TiO2 /LaO
interface has been reported to enhance both the carrier density and mobility of the
2DEG, while compression has the opposite effect [238]. On the other hand, an increase
of the carrier density under both compression and tension along this direction, with
better confinement under compression, has been predicted for a non-stoichiometric
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(001) superlattice (SL) containing two identical n-type interfaces [239]. Biaxial inplane compression leads to charge transfer into deeper SrTiO3 layers, whereas biaxial
in-plane tension still enhances the carrier density of the 2DEG (confinement within
1 unit cell of SrTiO3 for 1.5% tension). Under biaxial in-plane compression the Ti
dxy states host the 2DEG, as it is the case without pressure, while the dyz states
are occupied under compression along the (100) direction, which the authors of Ref.
[239] attribute to distortions of the TiO6 octahedra. Experimentally both biaxial
in-plane compression and tension reduce the carrier mobility, and only slighty impact
the carrier density [240].
Recent experimental work has found that hydrostatic compression enhances the
carrier localization and significantly reduces the Hall mobility [241], with the carrier
density doubling under ∼ 2 GPa pressure [242]. We therefore carry out first principles
calculations to investigate the potential of hydrostatic pressure to tune the properties
of O deficient LaAlO3 /SrTiO3 (001) and (110) SLs. We examine the effects on the O
vacancy formation energy as well as on the confinement, carrier density, and carrier
mobility of the 2DEG.

Figure 8.1: Structures of the LaAlO3 /SrTiO3 (001) and (110) SLs under investigation,
defining the atomic layer numbers used in the text.
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8.1

Computational Details

Density functional theory calculations are performed using the projector augmented
wave pseudopotential approach with 400 eV kinetic energy cut-off for the plane wave
basis. The exchange-correlation functional is treated in the generalized gradient approximation of Perdew, Burke, and Ernzerhof. We consider on-site Coulomb interactions (Dudarev scheme [243]) of 5.8 eV for the Ti 3d orbitals and 7.5 eV for the
La 4f orbitals, in order to represent the localized states properly [217]. We obtain
for SrTiO3 and LaAlO3 band gaps of 2.87 eV and 3.11 eV, respectively, which agree
with previous results [244]. The total energy and atomic forces are converged to less
than 10−5 eV and 0.05 eVÅ−1 , respectively. The SLs are initially (without pressure)
built with the experimental lattice constant of SrTiO3 (3.9 Å [238]) to agree with the
experimental situation [245, 246]. A LaAlO3 supercell of size 2 × 2 × 3 is placed in
contact with a SrTiO3 supercell of size 2 × 2 × 20 for the (001) SL and 2 × 2 × 10 for
the (110) SL, yielding a total of 52 atomic layers in both cases, as shown in Fig. 8.1.
The SLs are stoichiometric with TiO2 /LaO and AlO2 /SrO interfaces for the (001)
orientation and two identical SrTiO/O2 /LaAlO interfaces for the (110) orientation.
The fact that the number of LaAlO3 unit cells is chosen to be less than required
for driving the polar catastrophe scenario provides an insulating character to the
pristine (001) SL, which allows us to investigate the consequences of O deficiency
without encountering a polar catastrophe. The (110) SL is not subject to charge
discontinuity. A thick SrTiO3 region is required to track the confinement of the
2DEG. Brillouin zone integrations are carried out using the Gaussian method with
0.07 eV smearing on a Γ-centered k-mesh: 7 × 7 × 1 for the (001) SL and 5 × 5 × 1 for
the (110) SL. The O vacancy formation energies at the (110) interface are calculated
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as [95]
E f = Etotal,VO − Etotal + µO ,

(8.1)

where Etotal,VO is the total energy of the SL with O vacancy, Etotal is the total energy
of the pristine SL, and µO = 12 E(O2 ) is the chemical potential of O in O-rich environment. The energetically favorable O vacancy site in the (001) SL previously has
been determined in Ref. [40] and is used in the following. We apply ±3% hydrostatic
pressure, i.e., the volume of the supercell is changed by ∓3%.

Figure 8.2: Octahedral tilt angles θ⊥ and θk for each atomic layer of the (001) and
(110) SLs. Pressures of −3%, 0%, and 3% are compared. In the insets the interface
is aligned parallel to the ab-plane.
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8.2

Results and Discussion

O vacancy formation energies of 6.67 eV, 7.29 eV, and 7.06 eV are found for layers
11, 12, and 13 (identical to layers 53, 52, and 51), respectively, of the (110) SL, see
Fig. 8.1 for the definition of the layer numbers. O vacancies thus are favorable in the
LaAlO3 layer 11/53. Since the (110) SL has two identical interfaces, we choose to
create an O vacancy in layer 11, while layer 53 remains pristine. For the (001) SL
the AlO2 layer 12 of the AlO2 /SrO interface is favorable with a formation energy of
2.15 eV, as demonstrated in Ref. [40]. O vacancies thus are much easier to create
in the (001) SL than in the (110) SL. The formation energies obtained for the (110)
SL, which has no dangling bonds at the interface, are close to the value reported for
bulk SrTiO3 (7.25 eV) [39]. Under 3% compression we obtain O vacancy formation
energies of 1.02 eV and 6.47 eV for the (001) SL and (110) SL, respectively, while
the values under 3% tension are 3.05 eV and 7.03 eV. The values thus decrease under
compression and increase under tension more prominently for the (001) SL than for
the (110) SL. In general, pressure turns out to be an efficient way to control the
concentration of O vacancies and therefore the carrier density of the 2DEG. We note
that the +2 charge state of the O vacancy is strongly favorable [247], so that the
energetical order of charge states will not be modified by the applied pressure.
We investigate the distortions of the TiO6 octahedra under hydrostatic pressure by
addressing in Fig. 8.2 the tilt angles θ⊥ and θk of the O-Ti-O bonds perpendicular and
parallel to the interface. We obtain a significant pressure dependence except for θ⊥ in
the case of the (001) SL. For the (001) SL it turns out that θk deviates only little from
180◦ at the AlO2 /SrO interface, in contrast to the TiO2 /LaO interface. The (110)
SL shows the opposite trend with large distortions at the interface hosting the O
vacancy, which decay into the SrTiO3 region and slightly reappear at the TiO2 /LaO
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Figure 8.3: Integrated Ti 3d DOS (−0.5 eV to EF ) for each atomic layer of the (001)
and (110) SLs. Pressures of −3%, 0%, and 3% are compared.
interface. Importantly, the fact that the pressure dependences in Fig. 8.2 are weakest
close to the interfaces demonstrates that the structural distortions under pressure are
not critical for the 2DEG.
Figure 8.3 shows the integrated Ti 3d DOS for the energy range from −0.5 eV
to EF , which comprises the states hosting the 2DEG, resolved per atomic layer.
Without pressure for the (001) SL predominantly states at the TiO2 /LaO interface
are occupied, which agrees with previous findings [248]. Compression enhances the
carrier density, as charge is transfered from the AlO2 /SrO interface, hardly affecting
the confinement of the 2DEG. Under tension we observe the opposite charge transfer
and again hardly any effect on the confinement. While previous work has found a
similar enhancement of the carrier density at the TiO2 /LaO interface [242], charge
transfer between the two interfaces has not been reported in the literature before.
Although the 2DEG is concentrated at the interfaces, we observe some carrier density
throughout the SrTiO3 region under all pressures. According to Fig. 8.3, the (110) SL
shows the largest carrier density in layer 15, being enhanced by compression, while
the SrTiO3 region loses charge. Tension has the opposite effect. In general, the 2DEG
is more confined in the (001) SL than in the (110) SL.

106

Figure 8.4: Orbital-resolved Ti 3d DOS for layers 14/52 of the (001) SL and layers
13/51 of the (110) SL. Pressures of −3%, 0%, and 3% are compared.
We provide in Fig. 8.4 the orbital-resolved Ti 3d DOS for the interface layers
14/52 and 13/51 of the (001) SL and (110) SL, respectively. Without pressure and
under compression the 2DEG in the (001) SL occupies dxy orbitals (extend parallel
to the interface), in agreement with previous findings [248, 249]. Under tension the
dxz,yz orbitals in layer 14 (not in layer 52) become slightly occupied as well. We find
that the 2DEG in the (110) SL occupies predominantly dxz,yz orbitals (45◦ angle with
respect to the interface), without qualitative change under pressure. The fact that
dxy orbitals host the 2DEG in the (001) SL and dxz,yz orbitals in the (110) SL agrees
with experimental findings [232].
Table 8.1: Ti-La distances at interfaces of the (001) and (110) SLs. Pressures of −3%,
0%, and 3% are compared.
(001) SL:
(110) SL:
(110) SL:
Pressure TiO2 /LaO interface interface with O vacancy pristine interface
-3%
3.46 Å
3.36 Å
3.39 Å
0%
3.43 Å
3.33 Å
3.35 Å
+3%
3.39 Å
3.29 Å
3.32 Å

We next explain the variation of the integrated Ti 3d DOS with the layer number
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Figure 8.5: Ti-Ti distance for each atomic layer of the (001) and (110) SLs. Pressures
of −3%, 0%, and 3% are compared.
Table 8.2: Effective masses (m∗x /m∗y ) of the charge carriers in the bands hosting the
2DEG (in units of the free electron mass).
−3%
0%
+3%
SL
(001)
0.52/0.53 0.56/0.57 0.55/0.55
(110)
0.50/2.40 0.50/3.13 0.50/3.15
as shown in Fig. 8.3. Shorter Ti-La distances and more delocalized La 5d orbitals,
as compared to the Ti-Ti distances and the Ti 3d orbitals in SrTiO3 , enhance the
hopping matrix elements at the TiO2 /LaO interface in the (001) SL by a factor 100
[250], which strongly lowers the energy of the Ti dxy orbitals at this interface. No
such effect is present in the case of the (110) SL. Figure 8.5 and Table 8.1 summarize
the obtained Ti-La and Ti-Ti distances, which are found to decrease under compression and increase under tension for both SLs. In the (001) SL under compression
the shorter Ti-La distances further lower the energy of the Ti dxy orbitals and thus
enhance the charge density of the 2DEG at the TiO2 /LaO interface. The opposite
effect enables under tension the formation of a 2DEG also at the AlO2 /SrO interface.
For the (110) SL Table 8.1 shows that the Ti-La distances are shorter at the O deficient interface than at the pristine interface, so that the former hosts the 2DEG. The
shorter the distances the lower is the energy of the dxz,yz orbitals and the higher is
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Figure 8.6: Electronic band structures of the (001) and (110) SLs.
consequently the charge density of the 2DEG.
Table 8.2 gives the in-plane effective masses (m∗x /m∗y ) of the charge carriers in the
bands hosting the 2DEG. For the (001) SL the values are almost the same along the a
and b-axis, as expected from the crystal symmetry, and hardly influenced by pressure.
On the other hand, for the (110) SL the effective mass is significantly higher along
the b-axis. An anisotropic conduction also has been found in Ref. [33] for the case
without applied pressure. The band structures shown in Fig. 8.6 confirm the isotropic
and anisotropic character of the 2DEG in the (001) SL and (110) SL, respectively.
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Chapter 9
Conclusions

Transparent conducting oxides exhibit a rich variety of interesting properties which
can be manipulated by many means, such as defects and pressure. In addition, unique
phenomena can be realized at oxide interfaces due to interplay between the charge,
spin, lattice, and orbital degrees of freedom. The physics of oxides and the origin
behind these phenomena have been addresses by various experimental and theoretical
studies; however, many open questions remain. In this thesis DFT calculations are
used to investigate the electronic properties of SnO and SnO2 . Although the two
oxides have simple structures, we find that they display extraordinary physics in the
presence of defects, pressure, and interfaces. This work aims to provide insight into
these complex phenomena. We focus on SnO as this compound is a p-type oxide with
high hole mobility, which is a rare property. On the other hand, SnO2 is an n-type
oxide that is used in many electronic devices. Therefore, we also address the physics
of interfaces to SnO2 .
Native defects in SnO are essential to control the p-type conduction. We establish a theoretical approach that enables accurate calculations of the defect formation
energy. From the methodology point of view, we find that a 4 × 4 × 3 supercell is
required and sufficient for a corrected description of the system. The Freysoldt correction method for improving the convergence with respect to the supercell size turns
out to be inefficient for SnO. Our results demonstrate significant variations in the
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formation energies when the Sn 4d states are treated as core or valence states. Therefore, we have been able to quantitatively improve the description of the native defects
in unstrained SnO as compared to the existing literature, though the qualitative situation remains the same. For the first time we have analyzed the effects of strain on
the defects in SnO. While an applied strain of ±1.4 GPa (tensile and compressive)
does not alter the charge states of the VSn and Oi defects, different charge states of
VO behave very differently under strain. Under tension the formation energy of V+2
O
is reduced so that this defect becomes most stable near the VBM even in an O-rich
growth environment, whereas under compression it increases to leave V+1
O the most
stable defect in an Sn-rich environment. In the O-rich limit under compression charge
neutral Oi becomes the most stable defect in the full Fermi energy range, due to a reduction of the band gap. Our results show that Sn vacancies (the origin of the p-type
conduction) are stabilized by tension and destabilized by compression, suggesting the
possibility to tune the carrier concentration by pressure. Interestingly, we find that
by controlling the applied pressure SnO can be switched from a p-type to either an
n-type or undoped semiconductor, without affecting the transparency. This unique
property can be used to realize functional electronic devices.
Substitutional doping is found to be favorable for 3d TMs in SnO. For all dopants
we find a modified square planar coordination by O atoms, since the dopant atoms
shift toward the O layer. By an enhanced interaction with the O 2p states, the dyz,xz
states shift to higher energy to become virtually degenerate with the dxy states, while
the d3z2 −r2 states (lower energy) and dx2 −y2 states (higher energy) are hardly affected.
Doping with V (d3 ) to Ni (d8 ) results in a gradual filling of the dxy,yz,xz band and,
therefore, in metallic states for V, Cr, Mn, Fe, and Co doping as well as an insulating
state for Ni doping. Interestingly, we find an unusually strong spin-lattice coupling,
since the relaxation patterns obtained by spin degenerate and polarized structural
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optimizations show pronounced differences. High spin states, following Hund’s rule,
are observed for Cr, Mn, Fe, and Co doping, whereas for Ti, V, and Ni doping the
crystal field splitting results in low spin states. The magnetic moments obtained for
Sc, Cu, and Zn doping agree with the expectation from the filling of the TM 3d states.
Cr, Mn, Fe, and Co doping lead to paramagnetic ground states. Spin polarization
is found to be counteracted by the formation of dopant clusters except for V doping
where the FM is enhanced. A high Curie temperature calculated for V doping (1272
K, mean field approximation) points to potential applications in spintronics. For the
other TM dopants, avoiding clusters is essential to realize spin polarization.
Investigation of the SnO/SnO2 (110) interface is motivated by previous experiments revealing enhanced H2 sensing by SnO/SnO2 thin films as compared to SnO2
thin films. The origin of this enhancement so far could not be explained. Our results
reveal formation of metallic states between the two insulating oxides, independent of
the interface termination. The creation of these metallic states can be explained in
terms of chemical bonding and band alignment, which play different roles for different
interface terminations. We have identified a mechanism that leads to metallicity at interfaces between two polar insulators. In the presence of grain boundaries, the grains
turns out to be slightly doped with delocalized carries, giving rise to conductivity
even in the absence of other defects.
Despite the fact that SnO/SnO2 (110) heterointerface lacks a formal charge discontinuity, a 2DHG is found to form between the two semiconductors. This observation
is highly unexpected as none of the known mechanisms can explain it. We therefore
go beyond the polar catastrophe model that is typically used to describe 2D quantum
gases at oxide interfaces. We propose that a charge density discontinuity between
SnO and SnO2 , induced by substantial lattice mismatch, drives a polar catastrophe
scenario that results in the 2DHG. Our model can be generalized to other polar-polar

112
interfaces with the same formal charges of the atomic layers on both sides.
Motivated by the technological relevance of the MgO(100)/SnO2 (110) interface in
electronic devices, we explore its structural and electronic properties. Depending on
the interface termination, we obtain either nonmagnetic metallic or half-metallic interface states. Thus, controlled sample preparation may be used to tune the electronic
properties. The spin polarized hole gas has potential applications in spintronics, such
as in resonant tunneling diodes [218]. All observations can be explained by the standard polar catastrophe model for nonpolar-polar interfaces. The SnO2 interface states
are found to be well delocalized, while those of MgO turn out to be rather localized.
Although the interface grows epitaxially, we observe strong ferroelectric distortions
in the SnO2 region, which partially screen the interface charge discontinuity and may
be used for manipulating the interface by applying an electric field. We find that no
critical thickness is required to drive the electronic reconstruction, since the charge
discontinuity at the MgO(100)/SnO2 (110) interface is particularly strong.
For O deficient LaAlO3 /SrTiO3 (001) and (110) SLs under hydrostatic pressure
we find that O vacancies are much easier to create in the (001) SL than in the (110)
SL. We demonstrate that the formation of O vacancies can be tuned by hydrostatic
pressure, suggesting that also the charge density of the 2DEG can be controlled.
We obtain for both SLs enhancement/reduction of the carrier density under compression/tension. For the (001) SL a 2DEG forms both without pressure and under
compression at the TiO2 /LaO interface, whereas under tension it also forms at the
AlO2 /SrO interface, but with reduced confinement. Otherwise hydrostatic pressure
has almost no effect on the confinement of the 2DEG, which generally is weaker in the
case of the (110) SL. Hydrostatic pressure has no significant effect on the confinement
in the case of the (110) SL. The key parameter controlling the occupation of the Ti 3d
orbitals turns out to be interfacial Ti-La and Ti-Ti distances, which can be modified
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by pressure. Calculated effective masses reflect an isotropic character of the 2DEG
in the (001) SL, whereas the 2DEG in the (110) SL shows a pronounced anisotropy.
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APPENDICES

A

Appendix: Supplementary Material for

“Ferromagnetism in 3d transition metal doped SnO”

Figure A.1: Partial DOS of 3d TM doped SnO in the AFM state for the separated
configuration.
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Figure A.2: Partial DOS of 3d TM doped SnO for the close configuration when spin
degeneracy is enforced (NM state).
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Figure A.3: [Partial DOS of 3d TM doped SnO in the FM state for the close configuration.
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Figure A.4: Partial DOS of 3d TM doped SnO in the AFM state for the close configuration.
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B

Appendix B: Supplementary Material for “Polar

catastrophe by charge density factor“
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Figure B.1: Total DOS of bulk (a) SnO and (b) SnO2 .
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Figure B.2: Different projections of the SnO/SnO2 heterostructure.
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