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ABSTRACT

Modeling of Semiconductors and Correlated Oxides with Point

Defects by First Principles Methods

Hao Wang

Point defects in silicon, vanadium dioxide, and doped ceria are investigated by density

functional theory. Defects involving vacancies and interstitial oxygen and carbon in silicon

are after formed in outer space and significantly affect device performances. The screened

hybrid functional by Heyd-Scuseria-Ernzerhof is used to calculate formation energies,

binding energies, and electronic structures of the defective systems because standard

density functional theory underestimates the bang gap of silicon. The results indicate for

the A-center a −2 charge state. Tin is proposed to be an effective dopant to suppress the

formation of A-centers. For the total energy difference between the A- and B-type carbon

related G-centers we find close agreement with the experiment. The results indicate that

the C-type G-center is more stable than both the A- and B-types.

The electronic structures of the monoclinic and rutile phases of vanadium dioxide are

also studied using the Heyd-Scuseria-Ernzerhof functional. The ground states of the pure

phases obtained by calculations including spin polarization disagree with the experimental

observations that the monoclinic phase should not be magnetic, the rutile phase should

be metallic, and the monoclinic phase should have a lower total energy than the rutile

phase. By tuning the Hartree-Fock fraction α to 10% the agreement with experiments
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is improved in terms of band gaps and relative energies of the phases. A calculation

scheme is proposed to simulate the relationship between the transition temperature of

the metal-insulator transition and the dopant concentration in tungsten doped vanadium

dioxide. We achieve good agreement with the experimental situation.

18.75% and 25% yttrium, lanthanum, praseodymium, samarium, and gadolinium

doped ceria supercells generated by the special quasirandom structure approach are em-

ployed to investigate the impact of doping on the O diffusion. The experimental behavior

of the conductivity for the different dopants is understood in terms of the calculated lattice

constants and the O migration barriers obtained from nudged elastic band calculations.
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Chapter I

Introduction

1.1 Background

Defects in solids play an important role and have significant influence in the technological

applications and draw great interests from materials scientists and technologists. As the

computational resources are developed rapidly, the materials modeling approaches, such

as density functional theory (DFT), molecular dynamics, and Monte Carlo methods, are

employed to investigate the defects in materials more frequently.

From the crystallographic point of view, the defects in solids can be classified as point

defects (vacancies and interstitial/substitutional impurities), line defects (dislocations),

planar defects (grain boundaries and stacking faults), and bulk defects (cluster of vacan-

cies or small regions of a different phase formed by impurities). However, the simulations

of the defects are limited by models and the capability of computational facilities. For

example, the process in which grain boundaries consisting of hundreds of atoms absorb

point defects induced by irradiation can be studied [1] by molecular dynamics approach,

but such a system on the nanometer length scales reaches the limits of electronic structure

calculations, which possesses higher accuracy.

Materials with high purity and quality are usually required in industry, which means

that the defects must be controlled by the preparation approaches. Linear, planar, and
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bulk defects can be suppressed to a very low population or even avoided [2], but point

defects always exist and they are even needed in some circumstances. Computational

simulation is an efficient and effective approach to study point defects. First principles

approaches based on DFT are widely used to study point defects because their structures

can be more easily modeled and calculated than other defects.

Formation energy of the point defects is a property which can be studied by first

principles total energy calculations. For vacancies and impurities, the formation energy

determines the equilibrium concentration from which one can derive important mecha-

nisms relevant to the crystal system under investigation such as diffusion processes. It is

very hard to obtain the formation energy experimentally due to the difficulty of preparing

very pure samples and small concentrations of defects. However, the pure materials can

be naturally simulated by DFT approach which employs periodic boundary conditions,

and the point defects can be modeled by removing or substituting atoms in a super-

cell lattice. A lot of DFT studies have been done to investigate the formation energies

and the transition levels between charge states (in insulators and semiconductors) of the

defects [3–7]. The comparison with experiments is generally good for metals, but en-

counters the well known problem of underestimating band gaps for semiconductors. The

approaches involving on-site Coulomb interaction or using hybrid functional are necessary

to overcome this problem.

Besides the formation energies, transition states of the defects diffusion process can

also be found by DFT approach combining Nudged Elastic Band (NEB) method, so

the migration barriers can be obtained. Thus, the diffusion activation energy, which

is the sum of the vacancy formation energy and the migration barrier in self-diffusion

mechanism, can be calculated by DFT approach. DFT is widely used to study the

diffusion process in materials applied for novel energy resources, such as lithium batteries,

super capacitor, and solid oxide fuel cells [8–10].

Dopants, i.e. impurities, have significant effects on the material local atomic configu-
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rations. This can be due to site effects or chemical effects such as electronegativity. DFT

calculations can be employed to investigate the influence induced by the local geometry

change. For instance, a DFT study [11] has shown that Sn and Pb atoms associated

with intrinsic vacancies in silicon (Si) stabilize the split-vacancy configuration because of

their larger atomic size compared to Si atoms. Due to this configuration, the formation

process of vacancy-oxygen defect is modified, so introducing Sn, Pb, or other oversized

dopant was proposed to be a promising engineering strategy to suppress the formation

of vacancy-oxygen defect.

The atomic configurations of the defects can be determined by calculating the local

vibrational mode frequencies [12–14] then comparing to the infrared absorption spectrum

obtained by the experiments. It is a very effective and straight forward process to con-

firm the atomic structures of the defects deduced from electron paramagnetic resonance

experiments. In addition, combining Monte Carlo simulations with accurate DFT total

energy calculations is a proper strategy to understand the formation conditions of defect

structures at finite temperatures [15].

Electronic structure of materials is significantly affected by point defects. Plenty of

first principle studies have been done for transition metal oxides because of their extensive

applications in industry. The plain DFT methods, namely local density approximation

(LDA) and generalized gradient approximation (GGA), are inadequate to describe the

strong correlated d or f valence electrons of transition metals. The DFT+U (U is the

Coulomb interaction parameter) or hybrid DFT approach can achieve the existence of the

defect states in the band gap created by oxygen vacancies driving the reduction of their

adjacent cations [16, and references therein]. Hybrid DFT calculations [17] show that

nitrogen and carbon dopants in NiO induce gap states in the band structure resulting

in the decrease of band gap, and this reduction is potentially useful for photocatalytic

applications. Another hybrid DFT study [18] about Cu2O doped with Li, Mg, Mn, and

Zn suggests that Li is the most promising dopant to inhibit the formation of trap states



16

in the electronic structures so that the photoconductivity could be improved.

The DFT studies on Si, vanadium dioxide (VO2), and ceria (CeO2) with defects are

presented in this dissertation. Si is crucial and has played the greatest role in electric

devices. Even though it has been studied for decades, the research on this material is still

necessary. Points defects, namely intrinsic vacancy and impurities, significantly impact

the properties of Si. Vacancies and interstitials form when Si is irradiated by high-energy

particles (in space), and the impurities are introduced in the process production of Si,

for example the Czochralski process. Many DFT studies have been done [5, 6, 11, 13,

19, 20] to investigate the structures and properties of the defects in Si using LDA or

GGA. However, both approximations underestimate the band gap of pristine Si so that a

more sophisticated approach has to be employed. For this reason, screened hybrid DFT

calculations are performed to investigate the electronic structures, binding energies, and

formation energies of the diverse defects in Si.

VO2 is a transition metal oxide has metallic and insulating phases at high and low

temperature, respectively. Due to the metal-insulator transition, this material have many

applications such as light detectors, temperature-sensing devices, and optical-switching

devices. As a coating material, it is applied to develop intelligent windows, which reflects

the infrared light only at high temperature (metallic phase). A good description of

the electronic structures and energetic order of the two phases is the first issue that

should be addressed. Dopants can modify the transition temperature, therefore, a reliable

DFT calculation scheme which is able to simulate the transition temperature varying

with doping types and concentration is useful to show a direction for the engineering

techniques.

CeO2 is a promising electrolyte material for developing intermediate temperature solid

oxide fuel cell. Oxygen (O) ions diffusion is a critical factor impacting the conductivity

of this material. In order to improve the conductivity, different type elements have been

employed to dope CeO2. DFT and NEB method are effective tools for investigating the
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influence on the O diffusion arsing from the dopants. Thus, doped CeO2 is chosen as a

topic in this thesis.

1.2 Organization of the Dissertation

This thesis presents the theoretical work based on DFT calculations aiming to understand

several aspects of the point defects in materials, including formation energies, electronic

structures, and ions diffusion. The study and calculation methods are introduced in

Chapter II. The study about the formation energies and the electronic structures of Si

with defects are presented in Chapter III. Chapter IV shows the work on describing the

electronic structures of the metallic and insulating phases of VO2, then proceeds the

simulation of the metal-insulator temperature changing with tungsten (W) doping con-

centration. Chapter V discusses the influence of different dopants on the O ion diffusion.

Finally, the major conclusions and the outlook of the present studies are summarized in

Chapter VI.
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Chapter II

Methodology

2.1 Density Functional Theory

A real solid system can be abstracted as a many particle system which has a heavy

positive charged nuclei and a light negative charged electrons. The Hamiltonian for this

system is

Ĥ = −
~

2

2

∑

i

∇2
~Ri

Mi
−

~
2

2

∑

i

∇2
~ri

me

−
1

4πǫ0

∑

i,j

e2Zi

|~Ri − ~rj |
+

1

8πǫ0

∑

i6=j

e2

|~ri − ~rj |
+

1

8πǫ0

∑

i6=j

e2ZiZj

|~Ri − ~Rj |
, (2.1)

where ~Ri and ~ri are the positions of the nuclei and electrons, and Mi and me are their

masses. The Born-Oppenheimer approximation simplifies this Hamiltonian so that it can

be solved. The nuclei are much heavier and slower than the electrons, so we can fix their

positions and consider that the electrons move in a positive charged background. Under

this approximation, the kinetic energy of the nucleus is zero and the potential energy

between nuclei become a constant. The remaining terms are for the kinetic energies for

electrons, the electron-electron interactions, and the potential energies of electrons in the
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positive background of nuclei (Vext).The Hamiltonian is written as:

Ĥ = T̂ + V̂ + V̂ext (2.2)

However, the many-electron problem is very difficult to solve efficiently and accu-

rately. Density Functional Theory (DFT), established by Hohenberg and Kohn [21], is an

important progress in first principles studies for solids to solve this problem. Based on

this theory, one can find the electron density ρ corresponding to the external potential

Vext by minimizing the total energy functional E[ρ]. If ρ is found, all the information

about the system can be obtained.

DFT did not become a practical tool until the equations of Kohn and Sham were

established [22]. The total energy functional is explicitly written as

EVext
[ρ] = T0[ρ] + VH [ρ] + Vxc[ρ] + Vext[ρ]. (2.3)

T0[ρ] is the kinetic energy of the non-interacting electron gas, VH [ρ] the Hartree contribu-

tion, and Vxc[ρ] the exchange-correlation contribution. This equation can be interpreted

as the energy functional of a non-interacting electron gas in two external potentials,

which are Vxc[ρ] due to exchange-correlation effects and Vext[ρ] due to the nuclei. The

Kohn-Sham Hamiltonian is:

ĤKS = T̂0 + V̂H + V̂xc + V̂ext

= −
~

2

2me

~∇2
i +

e2

4πǫ0

∫ ρ(~r ′)

|~r − ~r ′|
d~r ′ + Vxc + Vext (2.4)

The theorem of Kohn and Sham links the ground state electron density to the non-

interacting single particles, whose wave functions can be obtained by solving Schrödinger-

like equations. Note that the solutions for these particles are not the wave functions of the

electrons. Only the total density of these particles corresponds to the density of electrons
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and has a direct physical meaning. In the Kohn-Sham scheme, the Hartree operator V̂H

and the exchange-correlation operator V̂xc are determined by the density of electrons ρ.

A self-consistency problem is encountered: the solutions of the non-interacting particles

determine the Hamiltonian of the equation but the solutions cannot be obtained before

the equation is known. To solve this problem, a starting guess is made for ρ to build

the Hamiltonian of Kohn-Sham equation, then the wave functions obtained by solving

eigenvalue problem are used to derive a new density, which will be compared to the old

one. These steps are repeated until the density yields the equation which has the solution

generating the same density.

The Kohn-Sham scheme exactly describes the many-electron system except employing

the Born-Oppenheimer approximation. Another approximation has to be introduced to

the unknown exchange-correlation functional. The widely used LDA assumes that the

exchange-correlation functional has the form:

ELDA
xc =

∫

ρ(~r) ǫxc(ρ(~r)) d~r (2.5)

ǫxc(ρ) is defined for the homogeneous electron gas and numerically known. The idea

of this approximation is that the electron density can be considered as a constant in

each infinitesimally small region of the material. The exchange-correlation energy can

be obtained by counting the contribution from all these regions over the whole material.

This approximation works better for metal than the materials in which the electrons are

not homogeneous.

An improvement of the LDA is the GGA. It considers not only the density in the

infinitesimal region but also the effect of the gradient of the density. Strictly speaking,

GGA calculation is not an ab initio calculation since experimental information is used to

fit the parameters of the GGA functional. There are many GGA functionals implemented

because the method of calculating the density gradient is not unique. Two types of GGA

functional used in this thesis will be introduced in the section 2.3.
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2.2 Pseudopotential Approach

The most widely used electronic structure approaches can be attributed to two classes:

the method based on norm-conserving pseudopotentials and the linear augmented plane

wave method dealing with the full potential. The calculations in this thesis were done

by Vienna Ab-initio Software Package, which is a DFT code employing pseudopotential

approach, so the pseudopotential method is introduced in this section.

As a many particle system, a solid possesses a very complicated interaction between

the electrons and nuclei. In metals, the electrons near the Fermi level behave like non-

interacting particles. This may suggest that the Hartree and exchange-correlation inter-

actions between valence electrons are weak enough compared to the Coulomb interaction

with the core electrons and nuclei. Thus, only the strong Coulomb interaction needs to

be considered. The core electrons are strongly bound to the nuclei and do not interact

with the valence electrons in most situations so that they can be treated as “frozen”.

The essential idea of pseudopotential approximation is to replace the core potential

by a pseudopotential. The core potential includes the exchange-correlation potential due

to the interaction between valence and core electrons, as well as the Hartree potential

resulting from the core charge. The ground state wave function of this pseudopotential

mimics the valence states in all-electron situation outside the artificially selected radius.

These wave functions can be efficiently represented using the plane waves as the basis

for many elements, so the calculations are easy to be performed. However, generating a

reliable pseudopotential is a must and a difficult task.

The Phillips-Kleinman construction[23] of pseudopotentials made a significant progress

to improve the complexity and efficacy of the pseudopotential method. It adds an addi-

tional contribution V R to the Hamiltonian to build a Schrödinger-like equation for the

pseudo-states which are constructed by valence and core eigenstates. V R combining with

the potential term in the original Hamiltonian is the Phillips-Kleinman pseudopotential

V PK [23]. The contribution to V PK from each atom is independent and additive. For each
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atom, the core wave functions vanish outside a radius, rc. It means that the contribution

of this atom to V R becomes negligible beyond the rc.

The efforts of improving pseudopotential method are made toward the following aims.

The number of plane waves to represent pseudo-eigenstates should be as small as possible.

The potentiality for a certain atomic configuration should always produce accurate results

in different solids. The valence charge density should be reproduced by the pseudo- charge

density as precisely as possible. These aims drove the development of norm conserving

pseudopotential [24, 25], which are built to be equal to the true valence potential outside

the core radius and have the wave functions of which the norm is equal to that of the

true wave functions inside the rc.

Accurate description for the electrons outside the core and tranferability of a pseu-

dopotential need a great number of plane waves. The main idea of ultrasoft potential-

ity [26] is to make the pseudo-wave functions be equal to the true wave functions outside

the rc (as for norm conserving pseudopotential), but to reduce the plane waves as many

as possible inside the rc, ignoring the norm conservation condition. This can signifi-

cantly decrease the number of plane waves. For a large system, the computational cost

on the calculations is much more expensive than the cost for generating the potentials,

and the ultrasoft pseudopotential are applied in this situation. In addition, first-row and

transition metal can be dealt with by this potentiality efficiently.

All the potentials employed in this thesis are generated by projector augmented-wave

method [27] for Perdew-Burke-Ernzernhof (PBE) functional [28]. Projector augmented-

wave method takes the adaptability of linear augmented plane wave and the simplicity of

the traditional pseudopotential methods, and fills the gap between the two approaches.

It provides the wave functions as an all electron method and determines the potential

appropriately according to the full charge densities.

The pseudopotential method has some shortcomings as the price we have to pay

for its advantage in computational efficiency. Pseudopotential have to to justified by the
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experiments. This just violates the essence of first principles calculations. The high degree

of freedom in the generation of potentials causes that a well established pseudopotential

of an element in a system will lost accuracy in another system. In addition, we have to

choose the pseudopotential from different“core” and “valence” electron configurations.

The choice is made on the grounds of the studied materials and properties, and the

experiences are also important.

2.3 PBE and PBEsol Functionals

DFT precisely solves the ground state problem of many particle system by utilizing the

Born-Oppenheimer approximation. However, the form exchange-correlation functional

of the electron densities is unknown, and the approximation must be introduced here so

that the Kohn-Sham equations can be solved. As a choice to formulate the exchange-

correlation functional, GGA involves the electron densities and their gradient:

EGGA
xc =

∫

f(ρ(~r),∇ρ(~r))d~r. (2.6)

f(ρ(~r)) needs to be parameterized to implement GGA in the calculations. Unlike the

ǫxc(ρ(~r)) in LDA, the best parameterization of f(ρ(~r)) is still under debate. The two func-

tionals employed in this research were proposed by Perdew, Burke, and Ernzernhof [28]

and then developed further for solids (PBEsol) [29].

Any GGA can be exactly represented by [28]

EGGA
xc [ρ↑, ρ↓] =

∫

d3rρǫunif
xc Fxc(rs, ζ, s), (2.7)

when the relative spin polarization ζ = (ρ↑ − ρ↓)/n is independent of ~r. Fxc is

the enhancement factor over local exchange, which involves the local Seitz radius rs

(ρ = 3/4πr3
s) and the non-locality s = |∇n|/2kFn (LDA is recovered as s → 0). In PBE
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parameterization, Fxc is constructed to satisfy the energetically significant exchange and

correlation conditions. Compared to another GGA functional Perdew-Wang 1991 [30],

PBE functional have some advantages. The analytic function is transparent and not

overparameterized. It is convenient for building the GGA-based pseudopotentials. PBE

functional keeps the correct features of LDA and also takes into account the most ener-

getically important features of the non-locality of the electron density.

The equilibrium lattice constants are usually underestimated by LDA because of the

over-binding, which is reduced by PBE functional, but they are often overestimated by

PBE functional. Other properties which are sensitive to lattice constants, such as phonon

frequencies, bulk modulus, and magnetism, are also overcorrected by PBE functional.

GGA always encounters a problem: total and atomization energies are improved by an

enhanced gradient dependence, which make bond distances worse; on the other hand,

a less gradient dependence improves the surface energies and/or lattice parameters but

worsen total and atomization energies. It has been demonstrated that no GGA functional

can yield accurate solid properties and atomic exchange energies simultaneously [29]. The

reason is that the gradient expansion for slowly-varying densities is essential for solids

but it will be against by the requirement of accurate exchange energies.

PBEsol is a revised PBE functional for lattice properties of solids. The gradient

expansion in this functional is restored for slowly-varying densities. Not only better equi-

librium lattice constants than PBE but also accurate jellium surface exchange energies,

which are governed by medium density gradients, can be obtained. The exchange energy

for GGA is in the form

EGGA
x [ρ] =

∫

d3rρǫunif
x Fx(s), (2.8)

where Fx(s) = 1+µs2+· · · (s → 0) for any GGA which gets back the uniform electron gas

limit. The first term in Fx(s) results from LDA. For a GGA functional the second term

must have a µ about twice as the one that is valid for slowly changed electron gases [31]

and selected for PBEsol to improve the description of slowly varying electron densities
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in solids and their surface.

The gradient expansion of correlation part in GGA which comes back uniform electron

gas limit is

EGGA
c [ρ] =

∫

d3r(ρǫunif
C + βt2ρ + · · · ). (2.9)

t = |∇ρ|/(2kTFρ) is the density gradient screened by Thoms-Fermi wave vector kTF

for correlation. For PBEsol β = 0.046, which is determined [29] by fitting exchange-

correlation energy of surface to the results of meta-GGA functional TPSS [32].

The lattice constants of 18 solids from simple metals, transition metals, semiconduc-

tors, and ionic solids were calculated to test PBEsol functional [29]. Compared to LDA,

PBE, and TPSS, PBEsol yields the smallest error with respect to experimental value.

However, for atomization energy of six tested molecules by PBEsol functional has compa-

rable errors as LDA and is much less accurate than PBE. In conclusion, PBE functional

is more accurate than LDA and PBEsol for the calculation of the total and atomiza-

tion energies of molecules , and PBEsol functional is a better choice to obtain accurate

equilibrium properties constants of solids and their surface.

2.4 Screened Hybrid Functional HSE

GGA functional makes DFT a useful tool in computational physics and chemistry, and

hybrid density functionals improve the GGA results by combining an amount of Hartree-

Fock (HF) exchange. However, the expensive computation cost is a shortcoming. An

accurate and efficient screened hybrid functional was proposed by Heyd, Scuseria, and

Ernzerhof (HSE) [33].

In periodic boundary condition calculations, HF exchange is calculated by summing

up all important interactions in the unit cell and between it and its neighbors. In metallic

systems, the exchange energy contribution of a cell with respect to the distance from a

reference cell converges very slowly. In order to overcome this problem, HSE functional
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applies a screened Coulomb potential is applied only to exchange interaction of which

the long-range part of the HF exchange is screened. The Coulomb operator is separated

into long-range (LR) and short-range (SR) parts:

1

r
=

erf(µr)

r
︸ ︷︷ ︸

LR

+
erfc(µr)

r
︸ ︷︷ ︸

SR

, (2.10)

where erf(µr)=1-erfc(µr) and µ is parameter that can be modified. When µ = 0, the LR

term is zero and the SR term becomes the full Coulomb operator, and it is in the opposite

way for µ → ∞. The error function is chosen for the reason that it can be analytically

integrated when Gaussian basis functions are used.

HSE functional is proposed based on the PBE0 hybrid functional [36] of which the

exchange-correlation energy has the following form:

EPBE0
xc = 0.25EHF

x + (1 − 0.25)EPBE
x + EPBE

c , (2.11)

where the mixing parameter 0.25 is derived by perturbation theory [36]. Splitting all

terms of the exchange energy of PBE0 into SR and LR components, the formula below

is got:

EPBE0
x = 0.25EHF,SR

x (µ)+0.25EHF,LR
x (µ)+0.75EPBE,SR

x (µ)+EPBE,LR
x (µ)−0.25EPBE,LR

x (µ).

(2.12)

The numerical tests [33] with µ values show that the LR components of HF and PBE

in the exchange energy take very small contributions to this functional and they tend to

compensate each other. With the assumption that EPBE,LR
x and EHF,LR

x can cancel out

each other, the HSE hybrid functional is established as:

EHSE
xc = 0.25EHF,SR

x (µ) + 0.75EPBE,SR
x (µ) + EPBE,LR

x (µ) + EPBE
c (µ). (2.13)
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where µ can be adjusted to control the scope of SR interactions. When µ = 0, HSE

recovers to PBE0 function; when µ → ∞ it becomes PBE functional. HSE functional

only mixes the exact exchange for SR interactions and delocalizes the exchange hole in

the region near to a reference point.

The parameter µ was determined by fitting the calculated properties of molecules

and semiconductors to the experimental data [33]. The calculation results of molecular

slightly depend on µ in the range between 0.05 and 0.35, and the reasonable band gap of

semiconductor solids are obtained when µ is less than 0.15. Considering the calculation

speed and accuracy, µ = 0.15 is finally chosen for HSE functional [33, 34].

Lattice constants and bulk moduli of 21 solids including metals, ionic compounds,

insulators , and semiconductors were calculated by HSE [35] to compare with the results

obtained by LDA, PBE, and meta-GGA functional TPSS. For metals pure DFT function-

als usually provide a good description, however, HSE makes an significant improvement

for semiconductors and insulators and produces band gaps which are consistent with the

experimental value. It is a great progress given that pure DFT functional cannot avoid

the underestimation of band gaps.

The computational speed of HSE is four times [34] slower than that of pure DFT (the

code was implemented in GAUSSIAN), but it is much less than that of the traditional

HF calculations. For a system with a large number of atoms and/or low symmetry,

HSE is still beyond the computational capability to conduct the structure optimization.

It is claimed that PBEsol functional yields lattice constants which are similar to the

results obtained by HSE for many solids [37]. Therefore, the strategy in Chapter III

for investigating the defects in a Si 64-atom supercell is to optimize the structure with

PBEsol functional and then conduct a single point calculation with HSE.
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2.5 Special Quasirandom Structures

The local atomic arrangements have an important effect on the electronic properties of

solids [38, 39]. The random distribution of the substitutional impurities in doped struc-

ture can be treated as the situation in a random alloy. Many theories [40] dealing with

A1−xBx random alloys only consider the average occupations of A or B sites and neglect

the geometric information around a site, so the structure relaxation is excluded in such

theories. However, the theories taking into account local atomic arrangements informa-

tion encounter another difficulty, which is the enormous number of possible structures of

the alloy. For example, a binary alloy with N sites have 2N atomic configurations to be

relaxed and to average their total energies. Practically, one can use Monte Carlo method

to select a smaller number of representative configurations, or build a periodic structure

with N sites randomly occupied by A and B. These approaches specify the structures

for which the relaxation can be performed, but a large number of configurations ( 106 in

Monte Carlo studies) or a structure with more than 103 atoms are necessary to achieve

the statistical limit [41]. This is beyond the scope of first principles calculations.

Special quasirandom structure (SQS) [41], which is constructed by selected occupa-

tion of A and B atom on finite N sites, mimic the correlation functions of an infinite

substitutional random alloy. Compared to the standard method that each site is ran-

domly occupied by A or B atom, this approach yields the same results when N goes to

infinite, but for a small N it gives a better approximation. Thus, the accurate electronic

structure calculations can be applied on the structures generated by this approach. Using

a periodic structure with finite size cannot avoid the error in the correlations introduced

by periodicity. However, many properties of solids are less contributed by the interaction

between the atoms with large distance than that between the close atoms. Therefore, the

main idea of SQS is to reproduce the perfectly random occupations in the shells close to

a given site and attribute the errors to the far atoms.

The structure of the alloy is characterized by the following approach [41]. Any con-
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figuration σ for the occupation of A and B atom in a lattice is divided into components

f = (k, m), called as “figures” [41]. For instance, a figure could be a pair of atoms for

which m means a mth-neighbor distance between k = 2 vertices. Each site i in a figure

has a variable +1 or −1 depends on that the site is taken by A or B atom, respectively.

The product of these variables in a figure f is defined as Πf(l, σ). l is the location and

orientation of figure f in the lattice. Each site has Df figures, so the average of the

product of each figure over the whole lattice is

Πf(σ) =
1

NDf

∑

l

Πf (l, σ). (2.14)

The ensemble average of a physical property over configurations can be expanded

with the structural correlation functions 〈Πk,m〉, which is (2x−1)k for a perfectly random

A1−xBx alloy. Instead of building a structure with statistical sampling method, the SQS

approach designs a special periodic structure with the correlation functions Πk,m which

minimizes the deviation from (2x − 1)k according to the distances of the shells around

a given site. Thus, the difference between the physical properties of the SQS and the

real random structure is as small as possible. For example, the first shell of a site have

a significant influence on the properties so the error should be zero, and the errors from

further shells should be a minimum. Comparing to random arrangement A and B atom

in a supercell, the SQS can converge the correlation function to that of the real random

alloy with a very small number of atoms. [41]

The SQS provides the information of the environment around a site, therefore it allows

the atomic relaxation and charge redistribution in DFT band structure calculations. This

is the advantage of SQS as compared to other non-structural approaches. [40] It is an

efficient approach which allows us to capture the geometric and electronic properties in

real random alloys via a small structure so that the computational cost can be reduced

significantly.

Applying linear augmented plane wave and nonlocal pseudopotential band structure



30

calculations to the SQS structures of pseudobinary semiconductor alloys A0.5B0.5C [41,

42], the mixing enthalpies calculated by the cell with eight atoms are well consistent with

the results yielded by standard statistical calculations, which reproduce the experimental

measurements. In addition, the band gaps for Ga0.5Al0.5As obtained by 16-atom SQS has

a difference within 0.015 eV comparing to the gaps produced by a random 2304 atoms

supercell [41]. Jiang et al. [43] have tested 16-atom SQSs for A1−xBx body centered cubic

alloy in Cr-Fe, Mo-Nb, and Ta-W systems by first principles calculations, which give the

equilibrium lattice constants, magnetic moments, and formation enthalpies well agreeing

with the experimental data.

2.6 Defect Formation Energy

Defect formation can be thought as a process of atomic and electronic exchange between

the host material and the relevant atoms supply. Therefore, the formation energy of a

defect D in charge q state can be calculated by the formula [4] below:

∆HD,q(µe, µα) = ED,q − EH +
∑

nαµα + qµe, (2.15)

where ED,q is the total energy of the defective cell with a charge q and EH is the total

energy of the perfect supercell. nα is a negative number for adding atoms to or a positive

number for removing atoms from the host supercell to form the defect, and µα corresponds

to the the energy to add or remove those atoms. Finally, µe is the Fermi energy measured

from the top of the valence band maximum (VBM) with values lying in the band gap:

EVBM ≤ µe ≤ EVBM + Eg.

µα is an important component which should be chosen carefully in this formula. µα

can be expressed as µα = µ0
α +∆µα, because the conventional definition of the formation

heat is with respect to the elementary substance. µα should satisfy the condition that

µα ≤ µ0
α to prevent the formation of pure α phase in the host material. In addition,
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element α and the host material are possible to form compounds, thus, there should be

more accurate limitation for µα to avoid the formation of the compound phase.

For elements A and B forming a compound AB, we have µA+µB = EAB, and EAB can

be obtained by the total energy calculation. In the situation where A is the defect element

in the host material B, µB should be equal to its maximum, i.e. µ0
B, and µA ≤ EAB −µB

to avoid the formation of AB. For instance, the chemical potential of an impurity O atom

in Si can be approximately calculated by ESiO2
− µSi, where ESiO2

is the total energy of

SiO2 per formula unit and µSi is the total energy of pristine Si per atom. The more

limitations introduced by possible phases between A and B elements, the preciser µα can

be obtained.

The electron chemical potential µe is a term inducing the error. µe takes the value

between EVBM and EVBM + Eg. EVBM of an infinite lattice is a constant and hardly

different from the eigenvalue of the highest occupied molecular orbital. However, the

supercell in DFT calculation is finite, and EVBM depends on the number of electrons

removed from the supercell and is independent of the defects. In this thesis, EVBM is

obtained by:

EVBM = EH(N) − EH(N − 1), (2.16)

where EH(N) and EH(N − 1) is the total energy of supercell of the host material with

N electrons and one electron removed, respectively. In addition, the screened hybrid

functional HSE is used to yield a correct band gap Eg, which is underestimated by LDA

and GGA.

Since a jellium background is applied to neutralize the charge in the DFT calculations,

the periodic boundary conditions do not give rise to the divergence for a charged system.

However, the artificial electrostatic interaction in a finite supercell between a charged

defect and its image resulting from periodic boundary condition must be corrected. To

estimate this interaction, the approach developed by Makov and Payne [44] requires a

series of supercell calculation and does a L−1 +L−3 fit (L is the supercell lattice constant)
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for the formation energies. However, this approach does not always achieve a good

convergence [45, 46].

The correction scheme developed by Fresysoldt and coworkers [47] is employed to

correct the formation energies of charged defects in this thesis. It only needs a single

supercell calculation and does not depend on the fitted parameters. This approach com-

pares the electrostatic potential of the supercell with charged defect to that of the perfect

bulk structure. The difference is separated into long range and short range part, and the

latter is zero outside the supercell. In order to improve the description of the the long

range potential, the charge density model employed in this approach considers the charge

involving the wave function of defect states. Using the long range and short range poten-

tial, the correction term is computed by a program “sxdefectalign” [48] developed by the

authors. The output of this program can be directly added to the uncorrected formation

energies.

2.7 Nudged Elastic Band Method

Transition state is defined as a configuration which has the highest potential energy on

the minimum energy path (MEP) of the chemical reaction and diffusion process. It well

separates the initial state (the reactants) and the final state (the products), and it is

essential for estimating the rate constants of the reaction and the diffusion. NEB [49, 50]

method is one of the methods which find the MEP along the potential energy surface

and identify the transition state.

NEB method is developed based on the plain elastic band (PEB) method [51], which

guess a MEP connecting two stable structures and generate a series of structures (images)

on this path. It is imagined that these images are connected with springs of no length.

The object function is defined as

SPEB(~I1, ..., ~IN−1) =
N∑

i=0

V (~Ii) +
N∑

i=1

Nk

2
(~Ii − ~Ii−1)

2, (2.17)
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where k is the spring constant and V (~Ii) is the potential energy of each image. The

object function in Eq. (2.17) is minimized by modifying the images between two fixed

points ~I0 and ~IN to find the MEP. The force on image i is

~Fi = −∇V (~Ii) + ~F s
i , (2.18)

where ∇V (~Ii) is the true force and ~F s
i is the spring force. The PEB method has some

drawbacks so that it fails to identify the MEP in most cases. If the spring constant is

too large, the perpendicular component of the spring force will pull the images off the

MEP. When a small spring constant is applied, the images are located on the MEP.

Nevertheless, the component along the path direction of the true force makes the images

around the saddle point slide down. The NEB method is therefore developed to solve

these problems.

In the NEB method, the parallel component of the true force and the perpendicular

component of the spring force are removed during the optimization of the elastic band,

so the force on the image becomes

~F 0
i = −∇V (~Ii)⊥ + ~F s

i · τ̂|| · τ̂||, (2.19)

where τ̂|| is tangent unit vector describing the path, and ∇V (~Ii)⊥ = ∇V (~Ii) − ∇V (~Ii) ·

τ̂|| · τ̂||. This force projection is known as the nudging force [50]. The spring force only

keeps an even space between images, and the relaxation for converging the images on the

MEP is only controlled by satisfying ∇V (~Ii)⊥ = 0. In addition, since the spring force

only affects the images for the arrangement along the path, the spring constant can be

chosen freely.

However, this projection will cause a problem that if the real force along the path is

very large and the perpendicular component is weak, the convergence will be slow and

kinks form on the path. The cure is to use an angular dependent function f(φi) which
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introduces the perpendicular component of the spring force where the path get kinks.

A small amount of the perpendicular component of the spring force can improve the

convergence greatly. The force on the image becomes

~FNEB
i = ~F 0

i + f(φi)(~F s
i − ~F s

i · τ̂|| · τ̂||). (2.20)

The NEB method has been implemented in Vienna Ab-initio Simulation Package. It

is used in this thesis to find the transition state during the O diffusion in doped CeO2.

Then the migration barrier is determined by comparing the total energies of the transition

state and the initial/final atomic configuration.

2.8 Calculation Details

Vienna Ab-initio Simulation Package [52] is employed with pseudopotentials generated by

the projector augmented-wave method [27] for all calculations in this thesis. The k-point

mesh is generated using the Monkhorst-Pack scheme [53].

2.8.1 Defects in Si

The cutoff energy of 400 eV for plane waves and k-point mesh 3 × 3 × 3 are tested for a

good convergence. Si mono-vacancy formation energy is calculated by PBEsol functional

for two supercells containing 128 and 64 Si atoms, respectively. The difference is only

0.04 eV so that the later supercell is used for further calculations. The lattice constant

of pristine Si supercell optimized by the PBEsol functional [29] because the result is

very close to the one obtained by screened hybrid functional HSE calculations [37]. It

is not possible to relax the atomic positions in the super cell as hybrid functional DFT

approach is extremely time consuming. Therefore, for each defect structure (with or

without charge) the lattice constant is set to be the same as that of pure Si, with the

atomic positions being relaxed for the forces on all atoms to decline below 0.01 eV/Å.
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Then optimized structures are used for the HSE calculations [33–35] with a screening

parameter of µ = 0.206 Å−1 and screened HF exchange α = 0.25. The local exchange-

correlation is treated by GGA in form of the PBE functional [28] To eliminate the artificial

interaction between the charged defects induced by periodic boundary conditions we

employ the correction approach developed by Freysoldt and coworkers [47] to our data.

The dielectric constant used in this approach is taken from Ref. [54].

The formation energies of defects in Si are calculated as the method introduced in

section 7 of this chapter. The chemical potential of O is calculated using α-quartz SiO2,

as (E(SiO2)-3µSi)/6. The chemical potentials of Ge, Sn, Pb, P, and C, respectively, are

calculated using α-Ge, α-Sn, pristine Pb, black phosphorus, and face-centered cubic SiC.

The energetics of point defect association can be investigated by calculating the bind-

ing energies of the clusters. For instance, the binding energy of a dopant atom D to a

vacancy V to form a DV defect is given by

Eb(DV SiN−2) = E(DV SiN−2) − E(V SiN−1) − E(DSiN−1) + E(SiN) (2.21)

where E(DV SiN−2) is the energy of an N site supercell (here N = 64) with N − 2 Si

atoms, a vacancy, and a dopant atom. E(V SiN−1) is the energy of the supercell containing

a vacancy. E(DSiN−1) is the energy of a supercell in which a Si atom is substituted by

a dopant atom. E(SiN) is the energy of the perfect N atom Si supercell. According to

this definition, a negative binding energy corresponds to a complex which is stable with

respect to its constituent defects.

2.8.2 VO2 and W Doping

Here, the cut-off energy for plane waves basis is set to 400 eV. Screened hybrid functional

HSE [33–35] is employed with the same setting as the calculations for the Si with defects,

except that the fraction α of HF exchange is varied. α = 0 corresponds to the standard

PBE functional and α = 25% to the HSE functional. Experimental structures [55] are
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used without optimization. Densities of states and total energy differences refer always

to one VO2 formula unit.

In the study of W doped VO2, the exchange-correlation potential between electrons

is described in the GGA [28]. The M1 and R structures are modeled by 2 × 2 × 2 and

2×2×4 supercells of the VO2 unit cell, respectively, both consisting of 32 formula units.

In addition, the on-site Coulomb interaction is described in the formulation of Dudarev

et al. [56] with U = 3 eV and J = 0 eV for the V 3d orbitals.

2.8.3 Doped CeO2

The exchange-correlation of electrons is treated within PBE parameterization[28]. The

valence electron configuration is assumed to be 5s25p66s24f 2 for Ce, 4s24p65s24d1 for Y,

and 5s25p66s25d1 for La. Trivalent Gd, Sm, and Pr pseudopotentials are used, where

the 4f electrons are treated as core states. Spin polarized calculations are performed to

be consistent with experiments [57, 58]. SQSs of 18.75% and 25% Y, Gd, Sm, Pr, and

La doped CeO2 are used for the study. Five images are generated between the relaxed

initial and final structures for the NEB calculations [49, 50] to find the transition state

in the O diffusion process. The total energy differences between the transition state and

the initial/final images are taken as the O migration barriers.



37

Chapter III

Defects in Silicon

Si is a mainstream material used in many microelectronic, photovoltaic, and sensor de-

vices. Although intensive studies of the defect processes in Si have been done for more

than five decades, there are still some defect-dopant interactions not well understood [59–

63]. Considering that the dimensions of devices can be only a few nanometers, such atomic

interactions become more and more essential. In this chapter, the screened hybrid DFT

approach is used to investigate the electronic structures and binding energies of the im-

portant defects in Si as well as their formation energies with respect to the Fermi energy

for all possible charge states.

3.1 Defects in Si about Vacancy and Oxygen

3.1.1 Introduction

Oxygen (O) is a significant impurity in Czochralski-Si and can be introduced in high

concentrations during crystal growth. The tendency of O interstitial (Oi) and phos-

phorous (P) to associate with lattice vacancies (V ) leads to the well known A-centers

(V +Oi → V O) and E-centers (P + V → PV ) which influence the properties of Si [64, 65].

As the scientific goals of space missions increase in complexity, the requirements on the
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precision of the sensors on board become increasingly demanding and the interaction with

the radiation environment is therefore more and more important. High energy particles

radiation in space cause lattice displacement damage, giving rise to a supersaturation of

V s, which diffuse through the lattice and encounter O or P interstitials forming stable

A-centers and E-centers, respectively. These centers have a regressive impact on the Si-

based imaging and spectroscopy sensors, most specifically in charge-coupled device and

complementary metal-oxide-semiconductor sensors. Thus, it is technologically important

to suppress their formation.

Various defect engineering strategies have been proposed [11, 66]. Previous studies

have established that large isovalent codopants can affect the dopant-defect interactions in

group IV semiconductors [11, 19]. Experimentally, impurities such as Ge, Sn, and Pb can

impact the formation processes of VnOm complexes in Si [see 19, and references therein].

For example, in a recent study an increased concentration of Sn was used to suppress the

formation of the deleterious A-centers by the formation of SnV O defects [11]. This was

justified through binding energy arguments as the oversized isovalent atoms benefit from

the space provided by the A-center voids, so that the lattice atoms surrounding them

relax. The high binding energies ensure that the A-centers are anchored to the isovalent

atoms, forming DV O defects, (D = Ge, Sn, and Pb), and thus cannot diffuse to form

larger members of the VnOm family (e.g. V O2). DV O stands for a defect which consists

of a dopant atom, V , and O interstitial.

A full understanding of the structures, formation energies, and electronic properties

of these defects is necessary to improve the performance of devices through the materials

design. Moreover, using screened hybrid DFT, the aim of the present investigation also

includes the characterization and assessment of isovalent doping strategies to the control

A-centers in Si from the electronic point of view.
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Figure 3.1: Formation energies of the V O defects with respect to the Fermi energy.

3.1.2 VO Defect

In previous experimental studies it was determined that the A-center can exist at different

charge states depending on the position of the Fermi level in the band gap [67, 68].

Figure 3.1 presents the formation energies of the V O defects with respect to the Fermi

energy for various charge states. The transition levels for the charge states of defects

(derived from Fig. 3.1 as the Fermi energy point where the respective formation energies

cross) are summarized in Table 3.1. From Fig 3.1, it is deduced that the V O0 defect

dominates up to a Fermi energy of 0.54 eV, above which the V O−2 defect becomes

dominant. DFT strictly applies to a temperature of 0 K, whereas in experimental studies

the temperature can impact the results. For example, it was determined by Bean and

Newman [68] that an increase of the temperature will effectively lower the position of the

Fermi level in the band gap and in turn reduce the proportion of the V O−1 with respect

to the V O0 defect.

In most previous studies based on DFT the investigation of the V O−2 defect was

omitted but the V O0 and V O−1 defects were analyzed in detail [5]. Interestingly, Pesola

and coworkers [6], employing DFT within the LDA, have considered the doubly nega-

tively charged state of the A-center and calculated that it is prevalent for Fermi energies

above 0.53 eV in agreement with the present study (note the value 0.53 eV for configu-

ration (−,−−) in Table 3.1). They have also calculated that V O−1 is prevalent in the
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Table 3.1: Transition levels (eV) between the charge states of the V O and V defects.

Transition level V O V

(+ + /0) − 0.04

(0/−) 0.54 0.33

(0/ −−) 0.54 0.27

(−/ −−) 0.53 0.21

(+/−) 0.11 0.17

(+/ −−) 0.25 0.18

(+ + /−) − 0.14

(+ + / −−) 0.05 0.16

Fermi energy range 0.4-0.53 eV, which, on the other hand, is not in agreement with the

present study. One should notice that the structures have been optimized by the PBEsol

functional, which gives accurate results for Si [37, 69]. In present study, a lattice constant

of pure Si that is only 0.1% larger than the experimental value [70] is obtained. In addi-

tion, it is expected that the HSE functional constitutes the most appropriate theoretical

approach to the electronic states, because it reproduce the experimental band gap of

Si [37, 54, 71].

To gain further understanding on the formation of the V O defect we consider next

the formation energies of the V and Oi defects (i.e., the constituents of the V O defect),

with respect to the Fermi energy for various charge states. Figure 3.2(a) illustrates that

the formation energy of V is around 4.5 eV (which agrees with the theoretical result

of 4.1 eV obtained by Blöchl et al. [7]) at low Fermi energy and decreases to about 3

eV for the −2 charge state, which is favorable when the Fermi energy is above 0.27 eV

(Table I). Consequently, V is difficult to form in the whole Fermi energy range. The

high formation energy of V s in Si is consistent with comprehensive analysis of Si crystal

growth, high temperature wafer processing, Si self-diffusion, and metal/dopant diffusion

experiments [72–74]. For example, the previous study of Voronkov and Falster [73] has

determined a vacancy formation energy of 3.95 eV in agreement with our findings (4.12 eV

at midgap). Earlier experiments have claimed a value of 3.6 ± 0.2 eV [72]. Nevertheless,
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Figure 3.2: Formation energies of the (a) V and (b) Oi defects with respect to the Fermi
energy.

in a radiation environment there is a supersaturation of vacancies, which will benefit the

formation of A-centers. As it can be seen from Figure 3.2(b) the neutral charge state

is dominant for the Oi defect with a formation energy of 1.95 eV which agrees with the

result in Ref. [6]. In a simplistic approach one may consider that the formation of the

V O0 and V O−2 defects occurs via the V 0+ Oi → V O and V −2+ Oi → V O−2 reactions,

respectively.

In Fig. 3.3 comparison of the shaded and unshaded total density of states (DOS)

indicates that the band gap of pure Si obtained by the HSE scheme is about 1.05 eV.

The calculated band gap thus is in excellent agreement with the experimental value of

1.17 eV [71]. The total DOSs of the V O defect are presented in the charge states 0, −1

and −2, since these are most important states according to Fig. 3.1. The valence and

conduction bands appear almost at the same energy for the different charge states, where

the valence bands are nearly at the same energy as compared to pure Si. The V O defect

introduces two holes in the electronic structure. For charge neutral V O, the empty defect
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Figure 3.3: Total DOSs of pristine Si (gray) and Si with V O defect (red). The occupied
states of pure Si are shaded. For the V O defect, the states below the dotted line are
occupied.

states emerge about 0.5 eV above the valence bands. Notably, the defect states consist

not only of the peak at 6.1 eV but also include a small portion which merges to the

conduction bands. There is a small energy gap between the peak and that portion. This

scenario is clarified by the DOSs of V O in the −1 and −2 charge states. The peak of the

defect states is occupied more than half in the DOS of the −1 charge state and a small

part of the conduction bands is occupied further for the −2 charge state. Although there

appears no distinct peak at the Fermi level in the DOS of the −1 charge state, we have

also performed spin polarized calculation within the PBEsol functional scheme. The total

energy is lowered by only 0.003 eV as compared to the spin degenerate calculation, while

a total magnetic moment of 0.12 µB is observed. This indicates that inclusion of the spin

polarization in the calculation is not important in the present case. The spin degenerate

result is rather fully valid, demonstrating that the −1 charge state is not as stable as the

−2 charge state, in agreement with the result that the −2 charge state dominates in the

high Fermi energy range in Fig. 3.1.
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Although our calculations generally do not favor V O−1 state, they show agreement

with other experimental quantities. First, the total DOS of V O−1 in Fig. 3.3 indicates

that the Fermi level is about 0.16 eV below the conduction band minimum, which is

almost the value (0.17 eV) measured by Watkins et al. [75]. Second, spin polarized PBEsol

results for V O−1 show that the magnetic moment on the two Si atoms adjacent to the

vacancy amounts to 56% of the total magnetic moment. This value is close to the 70%

derived from the hyperfine interaction constant of the nonequivalent sites around the

A-center [67].

3.1.3 DVO and DV , D=Ge, Sn, and Pb

Optimized structures highlighting the atomic chain along the (1 0 1) direction are depicted

in Fig. 3.4 for various systems. In pristine Si the calculated nearest neighbor distance is

2.35 Å, which increases to 2.40 Å due to the vacancy in this chain in the DV O and DV

structures. The oversized species Sn and Pb in group IV semiconductors typically occupy
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Figure 3.5: Formation energies of the DV O and DV (D = Ge, Sn, and Pb) defects with
respect to the Fermi energy.

the space between two semi-vacant lattice sites (split-vacancy configuration) [76]. In the

present DV structures the Sn and Pb atoms in fact relax to this configuration. Although

this does not happen in the SnV O and PbV O structures, as the O atom prevents Sn

and Pb to shift toward the vacancy, the distance between the Si two atoms next to the

vacancy in the (1 0 1) chain reduces from 3.21 Å in the V O structure to 2.99 Å and 3.05

Å in SnV O and PbV O, respectively. GeV O and GeV almost maintain the geometries of

the structures without Ge dopant because the size of the Ge atom is close to that of the

Si atom.

Figures 3.5 shows the formation energy for different charge states of the DV O and

DV defects as function of the Fermi energy. GeV O transits from charge neutral to charge

−2 at 0.47 eV, similar to previous findings for the V O defect, where the formation energy

of the charge neutral V O defect is 4.3 eV. SnV O and PbV O show similar trends of the

formation energy, where the charge neutral state is favorable in a wide Fermi energy



45

Table 3.2: Transition levels (eV) between charge states of the DV O and DV defects
(D = Ge, Sn, and Pb).

Transition level GeV O SnV O PbV O GeV SnV PbV

(+/0) − 0.17 0.03 0.15 0.31 0.42

(+ + /0) − 0.19 0.03 0.06 0.25 0.39

(+/ + +) − 0.22 0.04 − 0.21 0.37

(0/−) 0.48 − − 0.16 0.44 0.52

(0/ − −) 0.47 − − 0.16 0.49 0.59

(−/ + +) − 0.57 0.38 0.10 0.32 0.44

(−/ −−) 0.45 − − 0.16 0.57 0.65

(+/−) 0.05 0.75 0.54 0.15 0.36 0.47

(+/ −−) 0.19 0.93 0.77 0.16 0.43 0.53

(+ + / −−) − 0.75 0.59 0.11 0.38 0.49

range. This means that these two defects do not like to accept electrons so that they

will not affect the charge carrier concentration in an n-type doped system. The GeV

defect has charge +1 for low Fermi energy and charge −2 otherwise. This may be due

to the four dangling bonds left by the vacancy that can accept electrons. The transition

levels of the charged GeV defect are concentrated in a small energy range. Besides the

−2 charge state, SnV and PbV have charge +2 in the low Fermi energy range, indicating

that these defects can donate electrons. The transition levels between the charge states

are summarized in Table 3.2.

Total DOSs of the charge neutral DV O and DV defects are shown in Fig. 3.6. The

area filled by red color represents the charge required by the dangling electrons of the

dopant and Si atoms adjacent to the vacancy for pairing. For DV O the two dangling

bonds introduced by the vacancy are saturated by the O atom. The defect states of SnV O

and PbV O appear at higher energy as compared to GeV O. According to Fig. 3.4, Sn and

Pb approach O and Si at the broken site of the (1 0 1) chain more than Ge. Thus, the

defect states slightly spread over the neighbors of the dopant and shift to higher energy,

so that the −1 and −2 charge states of SnV O and PbV O are not energetically favorable.

The fact that Sn moves deeper into the vacancy than Pb corresponds to the higher energy
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Figure 3.6: Total DOSs of pristine Si (gray) and the DV O and DV (D = Ge, Sn, and Pb)
defects in the charge neutral state (red). States left of the red dotted line are occupied.
Red filled areas highlight the unoccupied states resulting from the dangling bonds.

of the defect states in this case. The DOS of the GeV defect is very similar to bulk Si

with a single vacancy, because the atomic size of Ge hardly distorts the local geometry.

However, the states (red color) required for pairing of the four dangling electrons spread

over wider energy ranges for the SnV and PbV defects. This corresponds to the split-

vacancy configuration, which delocalizes the defect states over the surrounding atoms. As

parts of the defect states in SnV and PbV have lower energy than in SnV O and PbV O,

the former two cases can host −1 and −2 charge states.

The binding energies calculated by the PBEsol and HSE functionals are summarized

in Table 3.3, showing a similar behavior. As the PBEsol functional would give the same

principle picture, in the following the HSE findings are discussed in detail. The binding

energies of Sn+V O and Pb+V O are much larger than that of Ge+V O, implying that

the system gains more energy by the formation of SnV O and PbV O so that Sn and Pb

dopants trap the A-center more easily than Ge. This result agrees with the experimental
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Table 3.3: Binding energies (eV) of the DV O and DV defects (D = Ge, Sn, and Pb).

Reaction PBEsol HSE

Ge+V O → GeV O −0.21 −0.23

Sn+V O → SnV O −0.89 −0.98

Pb+V O → PbV O −1.17 −1.26

V + O → V O −1.65 −2.21

GeV + O → GeV O −1.60 −2.18

SnV + O → SnV O −1.21 −1.69

PbV + O → PbV O −1.18 −1.66

Ge+V → GeV −0.25 −0.26

Sn+V → SnV −1.33 −1.50

Pb+V → PbV −1.64 −1.80

finding that the production of V O defects in samples doped by Sn or Pb is much lower

than for Ge doping [77]. Interestingly, the energy difference between trapping a V O pair

by a Pb atom and by a Ge atom is more than 1 eV. This implies not only that doping

with Pb will lead to more stable DV O clusters but also that the region of influence of

Pb will extend further as compared to Ge. It is found that the A-center has the largest

binding energy of −2.21 eV. The Ge dopant slightly affects the association between V

and the O atom, while the Sn and Pb dopants weaken the bound as indicated by the

smaller values for SnV +O and PbV +O because Sn and Pb tend to split the V . For DV

both Sn and Pb yield much larger binding energies than Ge. The trend is similar to that

observed for DV O, but Sn and Pb bind stronger to the V than to V O. The reason is that

Sn and Pb form split-vacancy configurations when there is no interstitial O atom. In

addition, the binding energies of the D + V O and DV +O reactions, see Table 3.3, show

significant differences, because the energy gain in the former case mainly arises from the

local lattice relaxation due to the dopant, whereas it is larger in the latter case because

of the association of V and O in which O saturates two dangling bonds.

Considering that the isovalent dopant must be introduced at concentrations of the

same order of magnitude or higher than the A-center concentration to make an impact,

it is necessary to introduce at least 1018 cm−3 [11]. Previous reports have determined
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V

Figure 3.7: Crystal structure of the PV O defect. Big yellow sphere is the P atom,
medium blue spheres the Si atoms, and small red sphere the O atom. The Si chain along
the (1 0 1) direction is highlighted.

that the introduction of high concentrations of Pb in Si leads to the formation of Pb

precipitates [78, 79]. Additionally, given that the −2 charge state of GeV O dominates

under n-type conditions, see Fig. 3.5, doping with Ge can be problematic. It is therefore

Sn doping and the formation of SnV O complexes that is ideal for the suppression of A-

centers in Si, due to the strong binding and the fact that Sn is more soluble in Si than Pb.

Recent studies [11] have determined that Sn can be incorporated in Si at concentrations

up to near 1019 cm−3 without the formation of precipitates.

3.1.4 PV and PVO Defects

A recent ab-initio study [80] based on DFT has proposed that it is energetically favorable

to form phosphorous-vacancy-oxygen (PV O) defects in Si [80], and it is revealed that

the energetically favorable PV O defect in Si has the V in the middle between the P

substitutional atom and the O, as shown in Fig 3.7. The O interstitial atom does not

occupy the Si vacancy site. In that work next nearest neighbor arrangements were also
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Figure 3.8: Formation energies of the (a) PV and (b) PV O defects with respect to the
Fermi energy.

studied but were deemed to be less favorable. The PV O defect can be formed when

an A-center encounters a P substitutional atom (V O + P → PV O) or when a PV pair

encounters an O atom (PV +O → PV O). It is important to identify the dominant charge

states of the PV O defect for different doping conditions.

For the PBEsol functional, the total energy of the PV charge neutral state is lowered

by less than 0.001 eV under spin polarization as compared to the spin degenerate case.

However, spin polarization is more important for the PV O charge neutral state due to a

total energy decrease of 0.04 eV. Other charge states of the PV and the PV O defects are

found to be not sensitive to spin polarization. Hence, a spin polarized HSE calculation is

only employed for the PV O0 defect. Figure 3.8 presents the formation energies of the PV

and the PV O defects for various charge states with respect to the Fermi energy. From

Fig. 3.8(b) it is deduced that the PV O+1 defect dominates up to a Fermi energy of 0.17

eV, above which the PV O0 defect dominants up to 0.69 eV, above which the PV O−1

defect dominates. Finally, above a Fermi energy of 1.02 eV the PV O−2 defect is most
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Table 3.4: Transition levels (eV) between charge states of the PV and PV O defects.

Transition level PV PV O

(+ + /0) − −

(+/0) 0.16 0.17

(0/−) 0.17 0.69

(0/ −−) 0.21 0.85

(−/ −−) 0.24 1.02

(+/−) 0.17 0.43

(+/ −−) 0.19 0.63

(+ + /−) − 0.18

(+ + / −−) 0.02 0.39

stable.

We subsequently consider the PV defect for comparison with the PV O defect. The

PV +1 defect dominates up to a Fermi energy of 0.16 eV. Then the PV 0 defect is prevalent

but only for a small range up to 0.17 eV, followed by the negatively charged states PV −1

(up to 0.24 eV) and PV −2. For a Fermi energy in the range from 0.15 eV to 0.17 eV the

formation energies of the PV −2, PV −1, PV 0, and PV +1 defects are close. The transition

levels of the PV and PV O defects are summarized in Table 3.4. The binding energies

of the PV O−1, PV O0, and PV O+1
i defects are −2.82 eV, −3.80 eV, and −2.86 eV,

respectively. The equivalent binding energies of the PV −1, PV 0, and PV +1 defects are

−1.05 eV, −1.57 eV, and −0.74 eV, respectively. These differences of the binding energies

are due to the formation of the Oi, which is assumed to be charge neutral. Furthermore,

the difference E(PV O)−E(PV ) deviates from the O chemical potential calculated using

α-quartz SiO2 by -0.31 eV, which suggests that the interaction between PV and O is

stronger than that between O and Si in α-quartz.

In Fig. 3.9, the spin degenerate DOS shows that the defect state of the PV O0 cluster

is half occupied, see the middle of the band gap. The defect state is contributed by all the

atoms around the PV O0 cluster. It is empty for PV O+1 and fully occupied for PV O−1.

The energetic positions of the valence and conduction bands remain similar for the dif-
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Figure 3.9: Total DOSs of pure Si (gray) and Si with PV O defect (red). The occupied
states of pure Si are shaded. For the PV O defect, the states below the dotted line are
occupied.

ferent charge states of the PV O cluster, but the defect state shifts considerably. This is

obvious for PV O−1
i , where the energy gap between the defect state and the conduction

band becomes small and the lower energy gap is enlarged. Fig. 3.8 illustrates that PV O+1

and PV O−1 dominate at low and high electron chemical potentials, respectively, which

demonstrates that the unoccupied defect state (PV O+1) and the fully occupied defect

state (PV O−1) are rather stable.

The spin polarized total DOS of PV O0 is presented in Fig. 3.10. The defect states

split such that the total energy is lowered by 0.28 eV compared to the spin degenerate

calculation. It is observed that the occupied half of the defect state merges to the valence

band and the other half to the conduction band. Thus, the band gap changes to be 0.67

eV. The Si atom next to the V (having a dangling bond) shows a significant magnetic

moment of 0.24 µB, while the moments of all other atoms are negligible. When spin

polarization is taken into account the total energy of PV O0 defect is lowered to be

favorable against the +1 and −1 charge states in the Fermi energy range between 0.17
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Figure 3.10: Spin polarized and spin degenerate total DOSs and partial P 2s + 2p, Si
2s+2p, and O 2p DOSs of atoms surrounding the vacancy for the PV O and PV defects.

eV and 0.69 eV. Figure 3.10 also shows the partial DOSs of the P atom, of the Si atoms

with significant magnetic moment, and of O for the PV O0. The P and Si DOSs are

presented as sums of the 2s and 2p states due to a strong s-p hybridization. The defect

state is located between 5.1 eV and 5.7 eV, where P and O have minor contributions,

while Si dominates. This fact indicates that the single dangling electron is well localized

on the Si site and does not interact with P and O. For this reason, this Si atom has

a relevant magnetic moment. When O is introduced into the PV defect, the dangling

bonds of two Si atoms next to the V are eliminated. The DOS demonstrates a strong

P-O hybridization. In this situation, the dangling electron of the third Si adjacent to the

V hardly interacts with other atoms.

To explain why spin polarization is less important for the PV than for the PV O defect,

for the PV 0 defect the total DOS and the partial DOSs of the P atom and of the three

Si atoms around the V are also plotted in Fig. 3.10. Integration of the total DOS from

5.3 eV to the Fermi energy yields exactly one electron, almost equally contributed by the

three Si atoms, i.e., the electron is not localized. Hence, the magnetic ordering in the PV

defect is weak and introduction of spin polarization hardly lowers the total energy. Since
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Figure 3.11: Charge density of (a) the (1 0 1) plane and (b) the (1 0 1) plane in Si with
PV defect. Blue and red color correspond to low and high charge density, respectively.

P gives only a very small contribution to the defect states, the two dangling electrons

should be delocalized with low energy. The charge density maps depicted in Fig. 3.11

are consistent with the DOS analysis. The (1 0 1) plane shows Si chains and Si-Si bonds

with high charge density. At the V the charge densities of the two adjacent Si atoms are

still slightly connected. The distance between them amounts to 3.30 Å, which is much

smaller than the distance between two next-nearest neighbor Si atoms in a perfect chain

(3.84 Å). The charge density of the (1 0 1) plane shows the Si chains perpendicular to the

(1 0 1) plane. Left and right of the V , respectively, we observe a Si and a P atom. This

Si atom shows a connection of the charge to the two Si in the (1 0 1) plane.

3.1.5 Conclusion

The formation energies as well as DOSs of A-centers in Si have been investigated using

screened hybrid DFT. The V O0 defect is found to dominate up to Fermi energy of 0.54

eV and the V O−2 defect for higher Fermi energy. The results demonstrate that the spe-

cific methodology applied in first principles calculations plays an outstanding role. As

compared to standard DFT, state-of-the-art screened hybrid functional calculations for

Si based systems result in band gaps very close to experimental values and therefore can

be expected to give much improved descriptions of defects, including A-centers. Inter-
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estingly, the present theoretical results reveal the possibility of double negative charge

A-centers in Si, whereas early experiments assign the single negative charge state at

n-type doping conditions. This difference may be due to the different conditions of

experiment (radiation damage, other defects) and theory (perfect lattice with a single

A-center at 0 K). At any rate the possibility of determining V O−2 defects reconciling

the two approaches should be investigated further. In that respect an extension of low

temperature experiments with O-rich Czochralski-Si for a range of doping (p-type and n-

type) and high irradiation dose could provide additional information about the negative

charge states of the V O defect. In addition, these measurements should be coupled with

infrared spectroscopy measurements performed at various temperatures so that the shift

of the Fermi level with temperature will help the defect to convert from one charge state

to another thus enabling the possible identification of the V O−2 defects.

The impact of oversized isolated dopants on the A-centers and vacancies in Si has also

been studied. The calculated formation energies show that the charge states of the GeV O

defect are similar to those of the A-center. The fact that SnV O and PbV O defects prefer

to be charge neutral is explained by the higher energy of the defect states as compared

to GeV O. In addition, GeV defects are favorable to be charged so that they can trap

charge carriers. It has been demonstrated that SnV and PbV defect states appear in a

wider energy range, which is connected to the split-vacancy configuration resulting from,

in essence, the larger radii of the Sn and Pb atoms. The large binding energies obtained

for SnV O and PbV O suggest that doping of Sn and Pb can be an efficient strategy to

restrain the concentration of A-centers. Isovalent dopants may have to be introduced at

concentrations exceeding their solubility limit, which can be achieved by implantation.

Insight into the kinetics of the processes and the study of other isovalent dopants such

as hafnium and zirconium can lead to further optimization. The present work will act

as stimulus for further exertions regarding research on the effect of isovalent doping in Si

and especially of Pb and the possible experimental determination of the PbV and PbV O
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centers.

The binding and formation energies of PV O defects in comparison to PV defects in Si

have been investigated. The difference in the stability between the two defects traces back

to the interstitial O, which increases the binding energy significantly. The calculations

reveal that PV O+1 dominates up to a Fermi energy of 0.17 eV and PV O−1 above 0.69 eV.

The state inbetween turns out to be PV O0 due to the spin polarization, whereas in a spin

degenerate calculation this state would not appear. Analysis of the DOS demonstrates

that the unoccupied defect state of PV O+1 and fully occupied defect state of PV O−1 are

located between the valence and conduction bands, with which they merge in the case

of PV O0. The main part of the magnetic moment obtained for PV O0 results from the

dangling bond of the Si which is adjacent to the V . In addition, dangling electron is

found to be well delocalized for the PV 0 defect. Therefore, no spin polarization evolves

in this case.

3.2 Carbon Related Defects

3.2.1 Introduction

Carbon (C), along with O, is the most common and important impurity in Si. C is being

incorporated in the Si lattice inadvertently during the growth. It mainly originates [64,

65, 81, 82] from the poly-crystalline starting material, from graphitic components in the

equipment or/and from gaseous contaminants developed during the growth process. C

is isovalent with Si and occupies substitutional sites (Cs), which are electrically neutral.

Nevertheless, the introduction of C in the lattice leads to local strain, due to its smaller

size as compared to Si. Its presence is evidenced in infrared spectra by a localized

vibrational mode at 607 cm−1. Conversely, O impurities, which are likewise electrically

neutral, occupy interstitial sites (Oi) within the Si lattice. Their presence is evidenced in

infrared spectra by a number of localized vibrational modes, the most important among
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them at 1106 cm−1. Both impurities are highly electronegative and chemically very

reactive. They readily form bonds with Si atoms, with other defects and impurities, and

between them. For instance in as-grown Cz-Si, modes at 589 cm−1g, 640 cm−1, and 690

cm−1 have been correlated [65] with C-O complexes, in particular Cs-Oi pairs.

Upon irradiation, for instance with electrons of 1-2 MeV energy, vacancies and SiI

atoms are initially formed. Importantly, in spite of various suggestions [84] in the past,

there is no adequate experimental evidence for any interaction between vacancies and

C atoms. However, it is established [85, 86] that most of the self-interstitials (SiI) are

readily trapped by Cs, which are pushed to interstitial sites according to the Watkins

displacement reaction Cs + SiI → Ci. Two localized vibrational modes at 922 and 932

cm−1 have been correlated [87] with this defect in low temperature irradiated Si. Ci

also introduces in-gap states [88]. The defect is unstable at room temperature and upon

migration interacts promptly with Oi and Cs to form CiOi and CiCs pairs. At least

six localized vibrational modes have been correlated with the CiOi defect. The best

known appears at 865 cm−1 and, as the strongest, is used for calculating of the defect

concentration [89].

The CiCs defect is utilized to improve the performance of Si optical emitters [90–93]. In

general, the performance of Si as optical emitter is limited by its indirect band gap, where

introduction of optically active C-related G-centers is a promising approach to improve

the efficiency because the sharp luminescence peak at 1.28 µm matches the important

optical communications wavelength of 1.30 µm. It has been demonstrated that G-centers

can contribute to optically pumped lasing [90, 91]. The emission of G-center results from

the existence of bistable configurations of the CiCs defect, the formation of which is

assisted by mobile SiI defect. Various approaches have been put forward to introduce G-

centers, such as high concentration C doping [91], nano-patterning of the Si surface [82],

and C implantation followed by proton irradiation [92]. Song et al. [94] has reported two

configurations of the CiCs defect according to their structural, electronic, and optical
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properties obtained by a variety of experiments. Interestingly, a third configuration of

the CiCs defect, the 〈1 0 0〉 C−C dumbbell, has been identified theoretically not long

ago [95, 96], using the LDA or GGA. However, both these approximations underestimate

the band gap of pristine Si so that a more sophisticated approach has to be employed [71].

Both the CiOi and CiCs defects introduce [65, 98] states within the Si band gap,

affecting the efficiency of the corresponding devices. Thus, numerous experimental and

theoretical studies [12, 13, 99–101] have been performed to investigate the structure, prop-

erties, and behavior. In addition, the Ci, CiOi and CiCs defects usually act in the course

of irradiation as nucleation centers for SiI and complexes such as Ci(SiI), CiOi(SiI) and

CiCs(SiI) [102–105]. Notably, it was previously concluded, based on numerical simula-

tions, that the capture radius of self-interstitials at CiOi is more than 3 times larger than

at Cs [65]. Given the significance of self-interstitials for the Si properties, any contribu-

tion towards the understanding of their defect processes is crucial. For example, Ci(SiI)

that has a significant role in the C aggregation processes in Si can impact the transient

enhanced diffusion of boron [104]. Two infrared bands at 953 cm−1 and 966 cm−1 have

been attributed to the Ci(SiI) complex, while those at 940 cm−1 and 1024 cm−1 belong

to the CiOi(SiI) complex.

3.2.2 Isolated Defects Cs, Ci, Oi, and SiI

Before considering both defect pairs and clusters we investigated their constituent com-

ponents Cs, Ci, Oi, and SiI. The structure of Oi is reproduced according to Ref. [106] and

the references therein. The O interstitial is bonded to two Si atoms forming a non-linear

Si-O-Si pseudo-molecule. The two Si-O bond lengths are 1.63 Å and 1.64 Å, and the

Si-O-Si bond angle is 151°. The charge neutral states of Cs and Oi dominate in the whole

Fermi energy range, where the formation energies are 2.22 eV and 1.95 eV, respectively.

These values are in good agreement with the heat of solution of substitutional C (2.30 eV)

and interstitial O (1.65 ± 0.15 eV) in Cz-Si, as determined by Bean and Newman [107].



58

The 〈1 0 0〉 dumbbell Ci structure is also implemented in present study. It is the most fa-

vorable configuration according to Zirkelbach et al. [96]. The dumbbell of C and Si atoms

occupies a Si site with a bond distance of 1.75 Å. In the +1 charge state the unpaired

electron is mainly located on the C interstitial, whereas in the −1 charge state the Si

atom in the dumbbell traps the wave function of the electron more than other Si atoms

because it loses valence charge to the C atom due to the higher electronegativity. Spin

polarized HSE calculations show a lowering of the total energy for the charge +1 state

by 0.27 eV as compared to spin degenerated calculations. Ci favors the +2 charge state

at low Fermi energy (the formation energy is 3.42 eV for a Fermi energy of 0 eV), the

+1 charge state in the middle of the band gap, and the 0 charge state with a formation

energy of 4.50 eV in the high Fermi energy range. This value is larger than the 3.72 eV

calculated within the GGA [96]. The charge transition levels amount to 0.23 eV (++/+)

and 0.85 eV (+/0).

Si self-interstitial at tetrahedral and hexagonal sites [108] are studied, finding for the

formation energy 4.36 eV and 4.72 eV, respectively. These values are larger than those

obtained by previous theoretical work [109] employing the LDA (3.31 eV and 3.43 eV) and

the GGA (3.80 eV and 4.07 eV), whereas the diffusion quantum Monte Carlo method

results in 4.70 eV and 5.50 eV. Our calculations are consistent with the experimental

value of 4.85 eV reported in Ref [73].

3.2.3 Defect Pairs Ci(SiI), CiOi, and CiCs

The most stable configuration of the Ci(SiI) defect is presented in Fig. 3.12(a). The Si-C

dumbbell partially shares the interstitial site and the Si atoms surrounding the defect

pair are slightly shifted off their original positions. The C atom is threefold coordinated.

Total DOSs in Fig. 3.13 show that the defect states gradually become separated from the

valence band as the system receives more and more positive charge. The differences in the

electronic structures arise from the distortion of the C-Si dumbbell and its neighboring



59

(a)
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Figure 3.12: Structures of (a) Ci(SiI), (b) CiOi, (c) CiOi(SiI)a, (d) CiOi(SiI)b, (e) A-type
CiCs, (f) B-type CiCs, and (g) C-type CiCs. Big blue spheres are Si atoms, medium
yellow spheres C atoms, and small red spheres O atoms. The SiI atom in Ci(SiI), the Si
atom connecting two C atoms in A- and B-type CiCs, and the two Si atoms that show
a significant position change between the two CiOi(SiI) structures are marked in gray.
The breaking and forming bonds during the transition between A- and B-type CiCs are
highlighted by arrows.
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Figure 3.13: Total DOSs of pristine Si (gray) and the Ci(SiI) defect (red). The states left
of the dotted line are occupied.

atoms. The C-Si bond distances are reduced from 1.80 Å, 1.82 Å, and 1.82 Å in the

charge neutral state to 1.77 Å, 1.79 Å, and 1.80 Å, respectively, in both positively charged

states (which have the same C-Si bond distances). In addition, the orientation of the

C-Si dumbbell is changed. The angle between the dumbbell and the [1 0 1] direction is

16°, 24°, and 29° for the 0, +1, and +2 charge state, respectively. The formation energies

for the Ci(SiI) defect, see Fig. 3.14(a), indicate that the +2 state is more favorable than

other charge states up to high Fermi energy. The transition levels between charge states

are given in Table 3.5.

The structure of the CiOi defect obtained in this work is consistent with the results of

previous studies [100, 101]. The C and O interstitials form with Si a ring, see Fig. 3.12(b),

where the three O-Si bond lengths amount to 1.75 Å, 1.78 Å, and 1.86 Å, and the three C-

Si bond lengths to 1.77 Å, 1.78 Å, and 1.79 Å. The Si-O-Si and Si-C-Si angles are 89°and

92°, respectively. Total DOSs for this system are shown in Fig. 3.15. The electronic

structure of the CiO
0
i defect indicates that the valence bands and conduction bands
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Figure 3.14: Formation energies of the (a) Ci(SiI), (b) CiOi, (c) CiOi(SiI)a, (d) CiOi(SiI)b,
(e) A-type CiCs, (f) B-type CiCs, and (g) C-type CiCs defects with respect to the Fermi
energy
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Table 3.5: Transition levels (eV) between charge states of the Ci(SiI), CiOi, CiCs, and
CiOi(SiI)a defects.

Transition level Ci(SiI) CiOi A-CiCs B-CiCs C-CiCs CiOi(SiI)a

(+ + /+) 0.99 0.23 − − 0.16 0.49

(+ + /0) 1.01 0.46 0.16 0.12 0.06 0.60

(+/0) 1.04 0.70 0.39 0.25 − 0.72

(0/−) − − − − 1.05 −

(0/ − −) − − − − 0.91 −

(+/−) − − 0.73 0.74 0.50 −

(+/ −−) − − 0.93 1.03 0.59 −

(+ + /−) − 0.83 0.46 0.49 0.39 1.02

(−/ −−) − − − − 0.76 −

(+ + / −−) − 1.03 0.68 0.77 0.48 −

occupy almost the same energy range as for pristine Si except for the fact that the defect

states, which contain two electrons, shift up into the band gap. The center of the defect

states is found about 0.35 eV above the valence band, which agrees well with the value

of 0.38 eV as reported experimentally in Ref. [110].

HSE calculation with spin polarization is employed for the CiO
+1
i defect due to a

pronounced DOS peak at the Fermi energy. We find a lowering of the total energy by

0.25 eV and a magnetic moment of 0.29 µB on C. Magnetic moments on other atoms

are negligible. Spin polarized total and partial DOSs for the CiO
+1
i defect are plotted

in Fig. 3.15. The Si atoms nearest to and farthest away from the defects are addressed

as examples. For C and Si the sum of the s and p states is shown because of the s-p

hybridization. We find that the defect states are mainly due to the C interstitial, whereas

the Si atoms around the defect give minor contributions. Hence, the C interstitial has a

much larger magnetic moment than any other atom. As to be expected, Si atoms close

to the CiOi pair contribute more to the defect states than Si atoms with larger distance.

The formation energy of the defect CiOi as a function of the Fermi energy for different

charge states is shown in Fig. 3.14(b), where the energy of the spin polarized calculation

is used for CiO
+
i . Due to the energy gain by spin polarization, the stable state transits
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from +2 to +1 and then to 0 charge as the Fermi energy increases.

Figures 3.12(e), (f), and (g) present the three stable configurations of the CiCs defect.

The A- and B-types [94] are established since long, whereas the C-type more recently has

been demonstrated by first principles calculations to be the most stable configuration [96].

The established A- and B-type configurations will be discussed first. In the A-type

structure the substitutional C atom, bonding with four Si atoms, is denoted as C(4).

The C interstitial sharing a regular lattice site with a Si atom is denoted as C(3) and

the Si atom connecting two C atoms as Si(2C). The four C(4)-Si bond distances are 1.88

Å, 1.99 Å, 1.99 Å, and 2.03 Å and the three C(3)-Si bond distances amount to 1.75

Å, 1.83 Å, and 1.83 Å, while the Si-Si bond length is 2.36 Å. As compared with the

A-type defect, the Si(2C)-Si bond breaks and one C-Si bond forms in the B-type case.

The C interstitial now fully occupies the Si site. The two groups of C(4)-Si bond lengths

become 1.85 Å, 1.94 Å, 2.01 Å, 2.01 Å, and 1.88 Å, 1.96 Å, 1.96 Å, 2.04 Å. In general, the

geometrical properties obtained in the present study are in agreement with the results
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Figure 3.16: Spin degenerate partial DOSs of A- and B-type CiCs
0 defects in 0, +1, and

-1 charge states. C(3) and C(4) indicate the C atoms coordinated by three and four Si
atoms, respectively. Si(2C) is the Si atom that connects two C atoms. The states below
the dotted line are occupied.

reported previously [12, 13, 96].

The partial DOSs for the two C atoms and Si2C in 0, +1, and −1 charged A- and

B-type structures are depicted in Fig. 3.16. Other Si atoms have similar DOSs without

significant peaks around the Fermi level and are thus not shown. As in A-type CiC
0
s the

C(3) atom has one dangling electron, the DOS reveals a sharp peak below the Fermi

level. In addition, the Si2C atom shows very localized unoccupied states around 6.5 eV,

because of its two C nearest neighbors with a much larger electronegativity. This is also

illustrated by the DOS of B-type CiC
0
s . As a consequence, when an electron is trapped

by the CiCs defect it will occupy the Si2C states, as shown in the DOSs of A- and B-type

CiC
−1
s . In the B-type configuration, since the C(3) becomes fourfold coordinated, the

Si2C atom receives more valence charge, which results in the peak below the Fermi level.

Because both C atoms have fourfold coordination, there appears no distinct C peak in

the DOS.
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Table 3.6: Total energy differences (eV) for the ground states of the A- and B-type CiC
−1
s

defects for different charges. The numbers in brackets refer to spin polarized calculations.

A+−B+ A0−B0 A−−B−

Experiment [94] -0.02 0.02 -0.04

MINDO/3-Si38 [108] -0.62 0.34 −

MINDO/3-Si41 [108] -0.38 0.51 −

Cluster [12] -0.43 -0.35 -0.50

LDA [13] − 0.11 −

This work PBEsol 64 atoms 0.15 0.20 0.23

This work HSE 64 atoms -0.09 (-0.29) 0.04 0.07 (0.14)

This work PBEsol 128 atoms 0.14 0.18 0.21

The experiments indicate that the A-type defect is more stable than the B-type defect

for +1 and −1 charge, whereas the B-type defect is more stable for 0 charge. For com-

parison, the results obtained by this and previous studies are summarized in Table 3.6.

Those calculated by the PBEsol functional for the 0 charge state agree with the experi-

ment only in the energetic order while the value is much larger. The HSE functional, on

the other hand, yields results that agree with the experiment much better than previ-

ous theoretical findings [12, 13, 111], except for the −1 charge state where the deviation

from the experimental value is 0.18 eV. The total energy difference for the charge neutral

state is found to be 0.04 eV, which is very close to the experimental value of 0.02 eV.

Spin polarized calculations are performed using both the PBEsol and HSE functionals.

For PBEsol functional, the results maintain the same. For the HSE functional, only the

total energies of A-type CiC
+1
s and B-type CiC

+1
s and CiC

−1
s are lowered in energy (as

compared to the spin-degenerate solution) by significant amounts of 0.22 eV, 0.02 eV,

and 0.07 eV, respectively. Therefore, the energy difference between the A- and B-type

defects becomes −0.29 eV for the +1 charge state and 0.14 eV for the −1 charge state.

Calculations for 128-atom supercell on the PBEsol level have also been performed and the

results are shown in in Table 3.6, confirming the PBEsol 64-atom results. This indicates

that the 64-atom supercell is large enough to avoid artificial effects of the strain field.
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Figure 3.17: Spin polarized partial DOSs of A- and B-type CiCs defects in +1 and -1
charge states. C(3) and C(4) indicate the C atoms coordinated by three and four Si
atoms, respectively. Si(2C) is the Si atom that connects two C atoms. The states below
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The spin polarized partial DOSs for the A- and B-type CiC
+1
s and CiC

−1
s defects are

shown in Fig. 3.17. For A-type CiC
+1
s the occupied states of the C(3) atom delocalize in

energy, the unoccupied states shift to higher energy, and a significant magnetic moment

(within the atomic sphere) of 0.29µB is obtained. The DOSs of the C atoms in A-type

CiC
−1
s is almost spin degenerate, and a magnetic moment of 0.17 µB is localized on

Si2C. For B-type CiC
+1
s and CiC

−1
s , respectively, the donated and accepted charge is

mainly localized on Si2C with a magnetic moment of 0.16 µB and 0.13 µB, respectively.

These results agree with the experimental situation [94] in two points: The electron

paramagnetic resonance signal of C in A-type CiC
−1
s is much weaker than for CiC

+1
s

and the unpaired spin is much less localized on C atoms in the B-type CiC
−1
s than in

A-type CiC
+1
s . Nevertheless, the experimental finding that the unpaired spin spreads

over the neighboring Si atoms of the A- and B-type CiC
−1
s defects is not reproduced

by the calculations (the magnetic moments on other atoms are one order of magnitude

smaller than those on Si2C). This may be the reason why the theoretical energy difference

between A- and B-type CiC
−1
s is not consistent with the experimental value.

In C-type CiCs, the C-C pair along the 〈1 0 0〉 direction occupies a regular Si lattice
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Figure 3.18: Spin degenerate and spin polarized partial DOSs of C-type CiCs in the 0, +1,
and -1 charge states. The average DOS of the C atoms and of the nearest Si neighbors
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site. Its bond length (1.42 Å) is shorter than in diamond or graphite. The fact that the

four C-Si bonds (1.89 Å) are longer than the C-C bond implies that the C-Si interaction

is weaker than the C-C dumbbell interaction. The fact that each C atom has a dan-

gling electron is demonstrated by the half-occupied peaks at the Fermi level in the spin

degenerate DOS of charge neutral C-type CiCs in Fig. 3.18. An average DOS is shown

because the results for the C atoms as well as for its nearest Si neighbors are similar. Spin

polarization splits these peaks and results in magnetic moments on the C atoms. For the

+1/ − 1 charge states the wave function of the donated/trapped electron is shared by

both C atoms, as demonstrated by the fact that the DOS curve of each C atom in CiC
+1
s

and CiC
−1
s crosses the Fermi level. The total energy of the charge neutral C-type defect

is 0.11 eV higher than found for the A-type defect in the spin degenerate calculation, but

0.61 eV lower in the spin polarized case, which is comparable to the value of 0.2 eV [95]

as obtained by the GGA. In addition, spin polarization lowers the total energies of the

+1 and −1 charge states by 0.20 eV and 0.23 eV, respectively.
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Figures 3.14(e), (f), and (g) present for different charge states the formation energy

of the CiCs defect as a function of the Fermi energy. The results for the A- and B-type

configurations are similar because of the tiny total energy difference between them. An

exception is that A-type CiCs has a higher (+/0) transition level. For C-type CiCs the

+2 and −2 charge states are favorable below 0.06 eV and above 0.91 eV, respectively.

The Fermi energy range in between is dominated by the 0 charge state, as spin polariza-

tion of the two unpaired electrons on the C atoms lowers the total energy significantly.

The transition levels between different charge states are reported in Table 3.5 for all

configurations considered.

3.2.4 Defect Clusters CiOi(SiI)

Two configurations of CiOi(SiI), denoted as CiOi(SiI)a and CiOi(SiI)b, see Figs. 3.12(c)

and (d), are calculated. They are distinguished by the Si interstitial position relative to

the CiOi pair and are similar to the C4(a) and C4(c) configurations reported by Backlund

and Estreicher [102], respectively. In the figures the two Si atoms subject to a significant

change in their position in the two configurations are marked in gray. The C and O

interstitials form a ring with Si atoms. The four C-Si bond lengths are 1.84 Å, 1.85

Å, 1.89 Å, and 1.89 Å and the three O-Si bond lengths 1.77 Å, 1.79 Å, and 1.84 Å in

CiOi(SiI)a, whereas in CiOi(SiI)b the four C-Si bond lengths are 1.83 Å, 1.85 Å, 1.85

Å, and 1.91 Å and the three O-Si bond lengths 1.77 Å, 1.78 Å, and 1.84 Å. The total

energy of CiOi(SiI)a is always 0.28 eV lower than that of CiOi(SiI)b for the 0, −1, and

−2 charge states. However, CiOi(SiI)a turns out to be 0.45 eV and 1.51 eV higher in

energy than CiOi(SiI)b for the +1 and +2 charge state, respectively. The formation

energy as a function of the Fermi energy for the two CiOi(SiI) defect clusters is plotted

in Figs. 3.14(c) and (d). CiOi(SiI)
0
a has a lower formation energy than CiOi(SiI)

0
b, and a

transition from the +2 into the 0 charge state is found for CiOi(SiI)a as the Fermi energy

increases. Transition levels between charge states are given in Table 3.5. CiOi(SiI)
+2
b
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Figure 3.19: Total DOSs of pristine Si (gray) and the CiOi(SiI)a and CiOi(SiI)b defects
(red). The states left of the dotted line are occupied.

dominates in the whole Fermi energy range.

Total DOSs for the 0, +1, and +2 charge states of the two CiOi(SiI) configurations

are shown in Fig. 3.19. In the structure of CiOi(SiI)
0
b the SiI-C bond is oriented almost

perpendicular to the C-O ring with a bond length of 1.91 Å, which is slightly larger than

the calculated Si-C bond distance of 1.89 Å in face centered cubic SiC. The distances

between SiI and its Si neighbors are close to 2.50 Å (the shortest amounting to 2.44 Å),

which is larger than the Si-Si bond length of 2.35 Å in the perfect lattice. This implies

that SiI interacts little with the surrounding Si atoms so that it can be considered to be

isolated. Partial DOSs demonstrate that the states between 6 eV and 6.8 eV in the case

of CiOi(SiI)
0
b are defect states largely resulting from the isolated SiI. The pseudo-gap

between the valence band and the defect states increases in the +1 and +2 charge states.

In the positively charged states the removed electrons stem mainly from SiI. The SiI-C

bond length reduces from 1.91 Å in CiOi(SiI)
0
b to 1.87 Å in CiOi(SiI)

+2
b , which indicates

that the interaction between SiI and C becomes stronger. The significant modifications
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Table 3.7: Binding energies (eV) and comparison to previous theoretical results for
Ci(SiI), CiOi, CiCs, and CiOi(SiI) defects.

This work Literature

Ci(SiI) -2.34 -2.0 [104]

CiOi -1.60 -1.64 [102]

A-CiCs -1.07 -0.93 [97], -1.34 [112]

B-CiCs -1.12 -0.95 [97], -1.41 [112]

C-CiCs -1.68 -1.28 [97], -1.76 [112]

CiOi(SiI)a (CiOi + SiI) -1.54 -1.50 [102]

CiOi(SiI)b (CiOi + SiI) -1.26 -1.11 [102]

CiOi(SiI)a (CiSiI + Oi) -0.81 -1.57 [102]

CiOi(SiI)b (CiSiI + Oi) -0.53 -1.18 [102]

of the electronic structure result in large energy gains for CiOi(SiI)
+1
b and CiOi(SiI)

+2
b .

Comparing the atomic configuration of CiOi(SiI)
0
b to that of CiOi(SiI)

0
a shows that

the isolated SiI forces another Si off its lattice site, with a (1 0 1) symmetry plane. In

the electronic structure of CiOi(SiI)a the defect states shift to lower energy and merge to

the valence band so that the donation of electrons is harder. The stability of CiOi(SiI)a

and CiOi(SiI)b in different charge states is determined by the competition between the

energies associated with the defect states and the symmetry reduction. We observe that

CiOi(SiI)b is more stable than CiOi(SiI)a in positively charged states, because electrons

can be easier donated, which overcompensates the symmetry reduction. Nonetheless,

CiOi(SiI)a is more stable for other charge states due to its higher symmetry.

The formation energies of the Ci(SiI), CiOi, CiCs, and CiOi(SiI) defects have rather

high values. For example, in the 0 charge states of Ci(SiI), CiOi, A-, B-, C-type CiCs,

CiOi(SiI)a, and CiOi(SiI)b they amount to 6.53 eV, 4.85 eV, 5.64 eV, 5.60 eV, 5.04 eV, 7.67

eV, and 7.95 eV, respectively. This is reasonable, because CiOi and CiCs pairs form under

irradiation. Furthermore, when the irradiation dose is increased more Si self-interstitials

are created and trapped by Ci and CiOi, to form Ci(SiI) and CiOi(SiI) clusters. This

implies that the formation of Ci(SiI) and CiOi(SiI) requires more energy, consistent with

our results. Binding energies for defect pairs and clusters are reported in Table 3.7, which
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includes also previous theoretical results for comparison. Note that the total energy of

SiI at the hexagonal site is taken to calculate the binding energies. While the results

are largely in good agreement with other theoretical data, the significant difference to

Ref.[102] concerning the CiOi(SiI) cluster relative to Ci(SiI) and Oi is due to the different

structure of Ci(SiI) considered in this study.

3.2.5 Conclusion

HSE calculations have been employed to analyze the binding and formation energies of

different defects in Si. The binding energy of the most stable structure of Ci(SiI) is

calculated to be −2.34 eV, which is in line with the value of −2.0 eV in Ref. [104]. A

doubly charged state is favorable almost in the whole Fermi energy range. The CiO
+1
i

defect is found to be favorable when spin polarization is taken into account, which lowers

the total energy by prominent 0.25 eV. The unpaired electron is mainly localized on a C

atom, leading to a local magnetic moment.

The A- and B-type bistable CiCs structures are reproduced, where the HSE functional

yields a significantly improved agreement with the experimental situation regarding the

energetic order of the charge states, as compared to any previous theoretical prediction.

In the case of the C-type CiCs configuration, two C atoms are not fully coordinated with

localized dangling electrons. Spin polarization thus gives rise to a large energy gain in

the 0 charge state. Importantly, the C-type configuration is revealed to the lowest energy,

calling for in-depth experimental research on the C-type G-center.

For the CiOi(SiI) defect two possible structures have been addressed. In one case the

SiI turns out to become largely isolated from its atomic environment. As a consequence,

the formation energy of the +2 charge state is strongly reduced and dramatic effects on

the electronic structure are observed.
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Chapter IV

Vanadium Dioxide and Tungsten

Doping

The metal-insulator transition of VO2 so far has evaded an accurate description by LDA

and GGA. It was claimed that the screened hybrid functional HSE leads to reasonable so-

lutions for both the low-temperature monoclinic and high-temperature rutile phases [113].

However, in this thesis, it is shown that when spin polarization is included in HSE ground

state calculations, the results still violate the experimental observations. Next, it is ex-

plored for the case that spin polarization is taken into account whether the screened

hybrid functional description of VO2 phases improves the agreement with experiments,

in terms of band gaps and relative energies of the phases, by tuning the amount of

Hartree-Fock (HF) exchange incorporated in the functional. Finally, a simple calculation

scheme is proposed here to obtain the relation between the transition temperature and

the doping concentration in W-doped VO2. It is demonstrated that the description of

strong electron-electron interaction which is a shortcoming of DFT approach has little

influence on the simulation, which predicts results in good agreement with experiment.
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4.1 Introduction

VO2 experiences a metal-insulator transition as the temperature increases above Tc,0 = 68� associating with a phase transition from monoclinic (M1) to rutile tetragonal (R)

phase [114]. The M1 structure shows alternating short and long V-V distances along

the rutile c axis, see Fig. 4.1. The structural transition is accompanied by an electronic

transition from an insulator (below Tc,0) to a metal (above Tc,0), and has both fundamental

and practical importance.

From a fundamental perspective, VO2 is a model system to investigate the com-

plex physics of metal-insulator transition. After decades theoretical and experimental

research on this material, the mechanism of transition is still under debate. A structure-

driven Peierls transition [115, 116], an electron-electron interaction driven Mott-Hubbard

transition [117, 118], and the “collaborative” Mott-Peierls transition [119–121] have been

proposed. On the practical side, the metal-insulator transition close to room-temperature

potentially can be exploited for intelligent windows applications [122]. Only the high tem-

perature phase blocks infrared light, while visible light can pass through in both phases.

If the transition temperature can be engineered to be around room temperature, glass

coated with VO2 could help to control the temperature inside buildings. Other appli-

cations of the VO2 transition in memristor devices [123] and gas sensors [124] have been

proposed.

Significant efforts have been devoted to computational modeling of VO2. A suitable

model would help to clarify the fundamental physics and contribute to the rational de-

sign of, for example, doped or strained phases for different applications. DFT, which

is the most widely used technique in computational materials science, has been par-

tially successful in describing the properties of VO2. Wentzcovitch and coworkers [116]

have shown that spin degenerate calculations in the LDA yield local energy minima

for both the M1 and R phases, where the total energy difference E(R)−E(M1) is 54

meV per molecule, which is comparable to the experimental latent heat of 44 meV per
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RM1

Figure 4.1: Crystal structures of VO2 below (M1 phase) and above (R phase) the transi-
tion temperature. Thin solid lines indicate the unit cell of the M1 structure, while dashed
lines represent the unit cell of the R structure. V and O atoms are shown in gray and
red, respectively.

molecule [125]. However, within both the LDA and GGA, DFT fails to reproduce a finite

band gap in the electronic structure of the M1 phase [116, 126, 127]. In order to improve

the description of the V 3d electrons, on-site Coulomb interaction is included in the LDA

calculations [127, 128], then a band gap is opened up for M1 phase but the calculations

also yield an antiferromagnetic insulating ground state for metallic R phase of VO2 [128].

A recent paper by Eyert [113] has claimed that the screened hybrid functional HSE [35],

where a fraction α = 25% of short-range HF exchange is employed, is able to obtain a

band gap for the M1 phase together with a metallic groundstate for the R phase. Efforts

to improve the description of VO2 by (extended) density functional methods are justified

by much lower computational costs as compared to methods such as Quantum Monte

Carlo calculations, GW and the dynamical mean-field theory, where the many-electron

physics of VO2, in principle, could be captured consistently [129–132].
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Figure 4.2: Partial DOSs calculated by PBE functional for NM M1 and R phases.

Two recent papers have examined the effect of a varying amount of HF exchange

in hybrid functional calculations for VO2, but only in the spin degenerate formula-

tion [133, 134]. However, the correct description of spin polarization in VO2 is important

to understand not only the magnetic properties but also to obtain insight into the behavior

of dopants. In its formal oxidation state, a V4+ cation has a 3d1 electronic configuration,

and therefore a spin magnetic moment. Early measurements of pristine VO2 showed that

the magnetic susceptibility jumps from a very low and temperature independent value

below Tc,0 to a much higher value at the transition point, which then decreases with

temperature. This fact points to a paramagnetic state in the R phase with disordered

local moments [135]. The magnetic state of the M1 phase is less clear. Even though

the very low susceptibility value suggests a non-magnetic groundstate, it is also possible

that local moments do exist on the V atoms with opposite spin orientations within the

V-V dimer and a strong coupling that prevents the appearance of any significant net

magnetization in the presence of an external field. This scenario is supported by recent

Quantum Monte Carlo calculations, which find local moments and strong intra-dimer

antiferromagnetism [132] for the groundstate of VO2.

4.2 Electronic Structures of M1 and R Phases

First, PBE functional is employed to calculate the electronic structures of M1 and R

phases for further comparison with HSE results. Partial DOS per formula unit of non-
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Figure 4.3: Total DOSs calculated by PBE functional for M1 and R phases in NM, FM,
and AFM configurations.

magnetic (NM) M1 and R phases are displayed in Fig. 4.2. For both phases, the bonding

states consisting of O 2p and V 3d states are located between -8 eV and -2 eV, and a

portion of anti-bonding states is occupied by a V 3d electron. Due to the strong electron-

electron interaction of 3d electrons not well described by GGA, there is no band gap

obtained for M1 phase. Total DOSs for NM, ferromagnetic (FM), and antiferromagnetic

(AFM, with magnetic moments alternating along the c axis) configurations of M1 and

R phases are shown in Fig. 4.3. The spin splitting in FM M1 and R phases cause the

magnetic moment around 1 µB on each V atom. Both M1 and R phases in any spin

configuration are always metallic. The total energy differences with respect to the NM

M1 obtained by PBE and HSE functionals are reported in Table 4.1. It is shown that

PBE does not provide a correct energetic order for the two phases of VO2.

Total DOSs calculated by the screened hybrid functional HSE for different spin con-

figurations of M1 and R phases are shown in Fig. 4.4. When no spin polarization is

included, the M1 solution is insulating and the R solution is metallic [113] in agreement
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Figure 4.4: Total DOSs calculated by HSE functional for M1 and R phases in NM, FM,
and AFM configurations.

with the experiment. The energetic order between the two phases is correct but the dif-

ference of 233 meV is too large as compared to the phase transition latent heat 44 meV

per formula in experiment [125].

The total energies of FM and AFM configurations of M1 phase are 365 meV and

463 meV per formula unit lower than the NM phase, respectively. It has been tested

that the magnetic moments (around 1 µB) on V ions remain stable when the lattice

parameters changes ±1% (HSE-optimized lattice parameters typically deviate less than

Table 4.1: Energy of NM, FM, and AFM solutions for M1 and R phases obtained with
the PBE and HSE functionals. The energy differences are given with respect to the NM
solution for VO2 M1 phase in meV.

M1 R

NM FM AFM NM FM AFM

PBE 0 12 -6 -39 -150 -46

HSE 0 -365 -463 233 -506 -490
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1% [35]). The experiments suggest that VO2 (M1) is NM in the ground state [135, 136],

so the HSE results contradict the experiments at this point.

For the R phase, the HSE calculations yield an insulating FM ground state, which is

739 meV per formula unit below the NM R phase and 506 meV per formula unit below the

NM M1 phase. The R AFM solution is less stable than the FM solution. As VO2 R phase

seems to be paramagnetic with a large temperature-dependent, the magnetic character

indicated by the calculations is not a problem. The serious contradiction is that the

conductivity measurements [137, 138] clearly show that R phase is metallic, however, the

HSE calculations yield an insulating ground state with a band gap about 1.43 eV.

4.3 Modified Fraction of Hartree-Fock Exchange

In order to overcome the contradictions between the results obtained by standard HSE

calculations and the experiments, varying fractions α of screened HF exchange are intro-

duced into the PBE functional, keeping the screening parameter µ = 0.207 Å−1 constant.

α = 0% corresponds to the standard PBE functional and α = 25% to the HSE functional.

All total energies and electronic structures are obtained taking into account spin polar-

ization. For the R phase the spins are aligned in FM order, since this configuration is

found to be most stable by both HSE [139] and Quantum Monte Carlo [132] calculations,

though the system is paramagnetically disordered at the temperatures where the R phase

is stable. On the other hand, for the M1 phase the spins are aligned antiparallel within

the V-V dimer, i.e, with AFM order, which is favorable with respect to the FM solution

in both HSE and Quantum Monte Carlo calculations.

As shown in Fig. 4.5, spin degenerate PBE calculations give metallic solutions for

both the R phase (correct) and the M1 phase (incorrect). Including spin polarization

does not change the metallicity of the M1 PBE groundstate, whereas the groundstate of

the R phase becomes half-metallic. In terms of PBE relative energies, the spin polarized

solution for the R phase is lower than the spin polarized solution (AFM order) for the M1
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Figure 4.5: Total DOSs of the AFM M1 phase (left) and the FM R phase (right) for
different admixtures of HF exchange. Dotted vertical lines represent the Fermi levels.
Insulating solutions for the R phase are shown in red color.

phase by 144 meV, which is in conflict with the experimental transition latent heat (44

meV in favor of the M1 phase [125]). In the case of HSE calculations, spin polarization

leads to an insulating groundstate for the R phase and a large band gap of 2.3 eV for the

M1 phase, while the experimental value amounts to 0.6-0.8 eV [135, 140]. In addition,

spin polarization causes the total energy of the R phase to be 43 meV lower than that of

the M1 phase.

In order to obtain physically correct solutions for both phases simultaneously, we

examine the results for intermediate values of α. It is important to clarify, in connection

with the discussion below, that the calculations are performed by converging first at

the PBE level and then starting the HSE calculations from the PBE wave functions.

A small amount of HF exchange changes the electronic structures and total energies of

the M1 and R phases as follows. For the M1 phase a band gap opens for α somewhere

inbetween 5 and 10% and increases from ∼ 0.25 eV at α = 10% to ∼ 1 eV at α = 12.5%,
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whereas the solution for the R phase remains metallic up to α = 20%. The total energy

difference between the R and M1 solutions becomes less negative and changes the sign

to the correct stability order, as shown by the black branch of Fig. 4.6. At α = 12.5%

the energy difference is 31 meV, which is close to the experimental latent heat of the

transition (44 meV). These results are promising and suggest that spin polarized hybrid

functional calculations of VO2 are performed better with an α smaller than the standard

HSE value.

However, another electronic solution for the R structure appears for α ≥ 12.5% when

the calculations are started from HSE instead of from PBE wave functions. As is shown

in Fig. 4.6, the new branch is more stable than the previously discussed solutions, but

their insulating characters are incorrect. The middle right panel of Fig. 4.5 shows the

total DOSs of both the metallic and insulating solutions for the R phase at α = 12.5%.

At α = 25% the hybrid functional calculation starting from PBE wave functions always

converges to the insulating solution, whereas for low values of α ≤ 10% the metallic

solution is always obtained regardless of the initial wave functions. Therefore, we have

a branch of metallic solutions ending at α = 20% and a branch of insulating solutions
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Table 4.2: Band gaps (in eV) and magnetic moments (µB, in brackets) calculated by the
screened hybrid functional for different fractions of HF exchange.

α M1 NM M1 AFM R NM R FM

0 (GGA) metal metal (0.43/0.43) metal metal (1.06/1.13)

5 metal 0.30 (0.71/0.69) metal metal (1.09/1.17)

10 0.25 0.78 (0.82/0.81) metal metal (1.12/1.21)

12.5 0.43 1.03 (0.85/0.84) metal 0.22 (1.09/1.08)

15 0.50 1.28 (0.88/0.87) metal 0.50 (1.08/1.08)

20 0.80 1.80 (0.92/0.91) metal 1.03 (1.08/1.08)

25 (HSE) 1.05 2.33 (0.94/0.94) metal 1.50 (1.08/1.08)
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Figure 4.7: Occupation of the highest occupied V 3d orbital, as a function of the fraction
of HF exchange. Black and red triangles represent the metallic and insulating solutions
of the R phase, respectively.

starting at α = 12.5% with lower total energies.

For α ≤ 10% the electronic groundstate of the R phase is correct, i.e., metallic. How-

ever, for higher values of α the energetic order of the two phases contradicts experiment

and the electronic structure of the R phase is incorrect. Thus, overall the best possible

choice of α is around 10%, which gives a reasonable band gap of 0.78 eV for the M1 phase

in the AFM groundstate, a metallic spin polarized groundstate for the R phase, and a

total energy difference that is wrong in sign but small. The calculated band gaps for the

lowest-energy solution at each value of α are summarized in Table 4.2.

The co-existence of two branches of solutions for intermediate values of α can be
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better understood in terms of orbital occupations. It is known that the band gap in

VO2 opens when the d‖ orbital shifts down in energy with respect to the other t2g levels

and consequently becomes occupied by one electron. This splitting is favored by the HF

exchange, as it introduces a potential that effectively depends on the orbital occupation.

For the R phase, 25% HF exchange is high enough to produce a complete separation of

the d‖ band. In this case, the occupation of the highest occupied orbital obtained from

the diagonalization of the on-site density matrix is close to 1, see Fig. 4.7. If a calculation

with a slightly lower value of α is started from the wave functions of this HSE solution, it

still converges to an insulating solution with a highly populated d‖ orbital. On the other

hand, in the PBE solution the t2g orbitals are almost degenerate with similar occupations.

If a calculation with a small amount of HF exchange is started from this solution, it is

not possible to break the degeneracy to split the t2g bands, so that the solution remains

metallic. In other words, the electronic structure always converges to the closest local

minimum.

4.4 W Doped VO2

W is an efficient dopant which reduces the transition temperature at a rate of 20-26

K per atom% [122, 141–144] (niobium doping 11 K per atom% [145]). A computational

model for predicting the modification of the transition temperature under doping has

been proposed in Ref. [146], based on classical interatomic potential calculations. A

reduction of 48.4 K per atom% of W doping has been obtained, which is about twice

the measured rates. Employing the same relation between the transition temperature

and the enthalpy difference between the doped R and M1 phases, recent theoretical work

based on DFT has demonstrated that beryllium (Be) doping results in a reduction rate

of 58 K per atom% Be [147].

Both standard [148] and screened [139] hybrid DFT calculations fail to reproduce the

total energy difference ∆H0 from experiment between the R and M1 phases of pristine
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VO2. Therefore, it is preferable to use the experimental ∆H0 for calculating the de-

pendence of the transition temperature on the doping concentration. In this work, we

therefore separate ∆H0 from the solution energy, which can be obtained by DFT calcu-

lations with high accuracy. A good agreement with experimental results for W doped

VO2 will be demonstrated.

At the transition temperature Tc the Gibbs free energies of the M1 and R phase of

W doped VO2 are equal, so that

Tc =
∆H

∆S
, (4.1)

where ∆H = HR
W − HM1

W and ∆S = SR
W − SM1

W . For low doping and since the entropy

in solids does not change dramatically for small temperature variations, we assume that

∆S is equal to the entropy difference between R and M1 phases of pristine VO2. Thus,

the transition temperature of the doped system is

Tc = Tc,0
∆H

∆H0

, (4.2)

where ∆H is the enthalpy difference between the two phases of WxV1−xO2. We have

∆H = (1 − x)∆H0 + x∆Esol, (4.3)

where ∆Esol is the solution energy difference per W atom between the doped R and M1

phases. For x → 0, i.e., one V atom in an infinitely large supercell is substituted by W,

∆H coincides with definition of Netsianda et al. [146] However, practically the supercell

cannot be infinitely large, so that Eq. (4.3) has to be used. Equations (4.2) and (4.3)

yield

Tc = Tc,0

[

1 + x
(

∆Esol

∆H0

− 1
)]

. (4.4)

For ∆H0 it can use either the experimental latent heat of the phase transition or the

enthalpy difference calculated by DFT. While we can expect inaccuracies for the ∆H0

value obtained from DFT, it is expected that the calculation will give good results for
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Figure 4.8: Transition temperature of VO2 as a function of W doping concentration. The
transition temperature with reported in Refs. [122, 141–144] are presented by dots.

∆Esol, as discussed in detail later. To calculate ∆Esol, 96-atom supercells are employed

for the M1 and R phases, where one V atom is substituted by W. This supercell size is

large enough to guarantee that the result represent the low doping limit.

Using the total energies calculated by DFT, we obtain

∆Esol = HR
WV31O64

− HM1
WV31O64

−
31

32

(

HR
V32O64

− HM1
V32O64

)

(4.5)

and from Eq. (4.4) the results depicted in Fig. 4.8. In Fig. 4.8 three cases are ad-

dressed: a) No on-site interaction, b) U = 3 eV on the V 3d orbitals for both phases

and c) U = 3 eV on the V 3d orbitals only for the M1 phase. A large U leads an anti-

ferromagnetic insulating ground state for the R phase [128]. It is known that the on-site

Coulomb interaction in the R phase should be no larger than that in the M1 phase [149].

Thus, combination of U = 0 eV in the M1 phase with U = 3 eV in the R phase with

U = 3 eV is not taken into account. In the case that ∆H0 from the DFT calculations

is used in Eq. (4.4), only results U = 0 eV or U = 3 eV in both phases are considered,
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because different U values would make no sense. It turns out that for U = 0 eV the

slope is opposite to the experimental findings, which can be attributed to the fact that

the energetic order of the two phases is not predicted correctly. For U = 3 eV, we obtain

∆H0 = 124 meV, which is much larger than the experimental latent heat of 44 meV [125].

Hence, the absolute value of the slope is reduced and it is only a coincidence that the

slope in the upper panel of Fig. 4.8 is in line with the experimental result [143]. When the

experimental latent heat is used, the experimental data points in Fig. 4.8 are essentially

enclosed by the theoretical Tc(x) functions obtained for U = 0 and U = 3 eV in both

phases (red and blue curves). However, the results for U = 0 in the R phase agree better

with the experimental data points than that for U = 3 in the R phase, which means that

a large on-site interaction is not a good choice for simulating the situation of R phase

at high temperature. The value of the U parameter appointed for the M1 phase on the

other hand has no significant effect on the results.

For the experimental ∆H0 the slope of Tc(x) is in line with the experimental reduction

rate of the transition temperature. This indicates that Eq. (4.5) overcomes the DFT

limitations (mainly due to the strongly correlated 3d electrons) to describe the energetics

of the two phases of VO2. The total energy of WV31O64 can be decomposed in the

total energy resulting from the interaction of W with its two neighboring O atoms, the

interaction of the V and other O atoms, and the interaction between WO2 and V31O62

only. This results in

HR
WV31O64

− HM1
WV31O64

= ∆E(WO2) + ∆E(V31O62) + ∆E(WO2, V31O62), (4.6)

where ∆E denotes the total energy difference between the two phases. The first term in

Eq. (4.6) is accurate because the electrons of W and O are not correlated. The correlation

effects contained in the second term of Eq. (4.6) and the last term of Eq. (4.5) cancel out.

Therefore, ∆E(WO2, V31O62) retains a correlation error (due to the V atoms). However,

this error is at least one order of magnitude smaller than the error in ∆E(V31O62).
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4.5 Conclusion

Applying the HSE functional on VO2 is limited at three points. First, although the HSE

approach achieves to open the band gap in NM M1 phase, it shows a magnetic ground

state. Second, the HSE approach fails to yield a metallic electronic structure of the

ground state of R phase. Third, the energetic order of two VO2 phases calculated by

HSE is not correct.

Therefore, the effects of the fraction of HF exchange employed in spin polarized HSE

calculations for the M1 and R phases are investigated, aiming to result in agreement

with the experimental situation electronically and energetically. For 12.5% ≤ α ≤ 20%,

screened hybrid functional calculations for the R phase starting from PBE (α = 0%) and

HSE (α = 25%) wave functions converge to metallic and insulating solutions, respectively.

The reason for this behavior turns out to be the fact that the occupation of the d‖ orbital is

fundamentally different in the PBE and HSE solutions. Although the insulating solution

is energetically favored over the metallic solution, its electronic structure is incorrect.

α = 10% is proposed here to be an optimal value for spin polarized HSE calculations

for VO2. From the electronic point of view, an appropriate band gap is obtained for the

AFM M1 phase and the R phase maintains a metallic character. On the other hand, the

energetic order of the M1 and R phases is incorrect, but at least the energy difference is

small.

The dependence of the transition temperature of W doped VO2 on the W concen-

tration has been modeled in agreement with the experimental situation. This has been

achieved by combining the experimental latent heat of the R-to-M1 phase transition with

the solution energy difference obtained by DFT, because the error in ∆Esol arising from

the inappropriate description of strong electronic correlations is partially canceled out.
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Chapter V

Impact of Doping on the Ionic

Conductivity of Ceria

Doped CeO2 is considered as an electrolyte for solid oxide fuel cell (SOFC) applications.

The introduction of dopants in the CeO2 lattice will affect its electronic structure and, in

turn, its ionic conductivity. Simulation of these issues using DFT becomes complicated by

the random distribution of the constituent atoms. Here the GGA with on-site Coulomb

interaction in conjunction with the SQS method is used to investigate 18.75% and 25% Y,

Gd, Sm, Pr, and La doped CeO2. The calculated electronic structures and O migration

energies allow us to explain the behavior of the conductivity as obtained in experiments.

5.1 Introduction

Research on SOFC and related devices is driven by the requirement for clean, sustain-

able, and efficient processes for energy conversion [150–152]. To make SOFC become

economical, it is important to lower the operating temperature towards the intermediate

temperature range (500 to 700�) where issues such as materials degradation will be ame-

liorated [153–155]. However, this temperature range presents difficulties for the operation

of traditional ceramic cathodes and electrolytes and requires materials with enhanced O
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diffusion [156]. Presently, numerous candidate oxides are considered for cathode and

electrolyte applications for the next generation of intermediate temperature SOFCs [157–

160].

The research community is looking for methods to enhance the ionic transport, such

as the formation of an interface between dissimilar oxides [161–164]. For example, Barrio-

canal et al. [162] have determined that in strained interfaces between SrTiO3 and yttria

stabilized zirconia (YSZ) the ionic conductivity can be increased by eight orders of mag-

nitude. Recent calculations using DFT support the enhancement in ionic conductivity

in YSZ/SrTiO3 interfaces but point towards a more moderate increase (up by about 3.5

orders of magnitude) [164]. More conventional methods for enhancing the conductivity

of YSZ involve codoping. For instance, Xie et al. [165] have observed an increase in YSZ

co-doped with gadolinia (Gd) in both experiments and molecular dynamics calculations.

In previous studies of reduced CeO2 [166], charge transport was demonstrated to be

achieved by a hopping process of O vacancies and the related distortions. This mechanism

is in agreement with the O defect model established by careful measurements of the

electrical conductivity of reduced CeO2 as a function of temperature and O2 pressure in

Ref. [167]. In order to improve the ionic conductivity, lower valence cations are doped

into CeO2 to increase the O vacancy concentration.

Fluorite-structured solid solutions such as Ce1−xMxO2−x/2 and Zr1−xMxO2−x/2 (where

M is a rare-earth ion) are very good O conducting electrolytes [168]. Ce1−xMxO2−x/2

is particularly important as it has a sufficiently high ionic conductivity and therefore

is one of the most promising materials to be integrated in intermediate temperature

SOFCs [169]. Domain boundaries can impact O diffusion in electrolyte materials of

SOFCs. However, these issues cannot be realistically simulated using DFT as they would

lead to an enormous computational complexity. Still, it is very fruitful to investigate the

O diffusion in single crystals.

Previous computational studies on Ce1−xMxO2−x/2 have focused on the influence of
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(b)

(a)

Figure 5.1: 96-atom SQS corresponding to compositions (a) Ce26M6O61 and (b)
Ce24M8O60. Green (large light gray) spheres represent the Ce ions, blue (large dark
gray) spheres the dopant ions, gray (small) spheres the O ions and black spheres the O
vacancies.

composition and external parameters (for example strain) on the O diffusion [170–173].

Andersson and co-workers have investigated the O migration and the vacancy-dopant

association for low dopant concentrations [8]. Similar concentrations have been studied

by Nakayama and co-workers [174]. The aim of the present work is to understand the

impact of dopants on the electronic structure and ionic conductivity for technologically

relevant dopant concentrations. 18.75% and 25% Y, La, Pr, Sm, and Gd doped CeO2,

which corresponds to 9% and 12% M2O3 doping are therefore addressed. The cerium

oxide phase diagram [175] suggests that the compound forms ordered lattices at high

temperature. For the O vacancy concentrations employed in the present study it still has

the fluorite structure.
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The aggressive strain and extensive doping regimes require an understanding of the

fundamental defect processes of the doped CeO2 that need to be effectively reinvented

in the next generation of intermediate temperature SOFCs. The understanding of these

materials is complicated by the random arrangement of the cation and oxygen vacancies

on the lattice sites. Two 96-atom SQS cells are employed for describing 18.75% and 25%

M doping to understand the effect of the local cation environment and oxygen vacancy

distribution on the defect processes of the doped CeO2. The SQSs are presented in

Fig. 5.1 their ideal, unrelaxed forms.

5.2 Result and Discussion

Dopants and Ce atoms can randomly occupy equivalent lattice sites in the doped CeO2.

Consequently, oxygen vacancies will form with a multitude of distinct local distributions

of the surrounding host cations. These atomic configurations will affect the formation

and migration of the oxygen vacancies. DFT methods are often based on the periodic

structures and the calculations are straightforward for ordered systems. For systems

which possess disordered atomic configuration and/or where the introduction of dopants

induces the formation of O vacancies the situation is more complicated. The disordered

system can be directly described by building a large supercell and randomly inserting

the cations (here the dopants or Ce) on their sublattice. In practical terms this is not

feasible for DFT calculations as large supercells are required to adequately approach the

statistics of real random alloys.

The SQS approach is possible to mimic the statistics of a random alloy with a rela-

tively small supercell [41, 43]. It ensures that the distribution of distinct local environ-

ments present in real random alloys is retained in a specially designed supercell. We note

that SQSs are not the lowest energy structures, but in this case about 0.02 eV per formula

unit higher in energy. However, since typical operation temperatures are around 600�,

SQSs are appropriate for a correct description of the physics. As the face-centered cubic
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Table 5.1: Intrasublattice (cation-cation and anion-anion) and intersublattice (cation-
anion) pair correlation functions of the 96-atom SQS that mimics random doped CeO2

(nn = nearest neighbor).

cation-cation anion-anion cation-anion

Composition Structure 1 nn 2 nn 3 nn 1 nn 2 nn 3 nna 3 nna 1 nn 2 nn 3 nn

Ce26M6O61 Random 0.391 0.391 0.391 0.821 0.821 0.821 0.821 0.566 0.566 0.566

SQS-96 0.396 0.417 0.375 0.813 0.823 0.844 0.813 0.563 0.568 0.573

Ce24M8O60 Random 0.25 0.25 0.25 0.771 0.760 0.781 0.750 0.438 0.438 0.438

SQS-96 0.25 0.25 0.25 0.771 0.760 0.781 0.750 0.438 0.438 0.438

a For anion-anion interaction, two distinct 3 nn pairs exist depending on whether a cation sits in
between the two anions.

cation and simple-cubic anion sublattices do not exchange species, the configurational

problem can be greatly simplified to that of a binary system. Thus, the total energy

of the system depends on two types of interatomic interactions: those between atoms

on the same sublattice (cation-cation and anion-anion) and those between atoms on dif-

ferent sublattices (cation-anion). Two 96-atom SQSs corresponding to the compositions

Ce26M6O61 and Ce24M8O60 are generated. Table 5.1 gives the pair correlation functions of

the generated SQSs in comparison with those of the random alloy. It can be observed that

both the nearest-neighbor intrasublattice and intersublattice pair correlation functions

of the random doped CeO2 structure are accurately reproduced by the SQS.

On-site Coulomb interaction[176] is taken into account only for the Ce 4f orbitals,

because the d orbitals are less localized and almost empty for the trivalent dopants Y,

La, Pr, Sm, and Gd. There are many choices for U parameters of Ce 4f in different

situations, so that a test is necessary for the case in this study. The (U , J) candidates

(5, 0) [172, 177], (6.1, 0) [178], (6.7, 0.7) [179], and (7, 0) [180] are tested with Ce26Gd6O61

because doping Gd in CeO2 is well studied and there are plenty of experimental results

to compare. In addition, the U and J parameters for Ce 4f orbital figured out in Gd

doped CeO2 should be applicable on CeO2 with other dopants. The lattice constants

and atomic positions are optimized with energy cut-off of 520 eV to find out the effects

of different U and J parameters. In Fig. 5.2, the atomic shifts in Ce26Gd6O61 during the
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Figure 5.2: Atomic shifts during the force minimization of the Ce26Gd6O61 SQS cell. The
lengths of the yellow arrows are proportional to the shifts of the atoms, where only shifts
larger than 0.06 Å are indicated. The largest observed shift amounts to 0.28 Å.

relaxation of are shown by yellow arrows.

Comparing the results of Ce26Gd6O61 with different (U , J) sets, the lattice con-

stants are enlarged as the U value increases and are always larger than the experimental

value [181]. The band gaps are around 2.0 eV, which are smaller than the experimental

value of Gd-doped CeO2 (Ce:Gd= 9 : 1) [57], and this underestimation is well known for

DFT calculations. As the band gap almost does not vary for different Ce U4f and J4f

parameters, U4f = 5 eV and J4f = 0 eV are chosen to obtain lattice constants which

are closest to the experimental values. This parameter set has been widely used for

CeO2 [172, 177].

The SQSs Ce26M6O61 and Ce24M8O60 are used to simulate M2O3 doping levels of

9% and 12%. Both are 2 × 2 × 2 supercells of the basic CeO2 unit cell. Moreover,

the number of O atoms is decided by the charge neutrality requirement. Experimental

lattice constants of 5.413 Å, 5.423 Å, 5.431 Å, 5.422 Å, 5.476 Å, and 5.411 Å are taken

from Y [182], Gd [181], Sm [183], Pr [184], and La [181] doped CeO2 and pure CeO2 [175],

respectively, to start the optimization. All structures are fully optimized until the atomic

forces are smaller than 0.01 eV/Å.
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Table 5.2: The calculated lattice constants (in Å), angles (in degree), and band gaps (in
eV) of Ce26M6O61 and Ce24M8O60.

Y Gd Sm Pr La

a 5.545 5.557 5.567 5.590 5.591

Ce26M6O61 b 5.547 5.557 5.566 5.584 5.581

c 5.553 5.562 5.570 5.588 5.585

Angles 89.5 90.0 89.9 89.6 90.0 89.9 89.6 89.9 90.0 89.4 89.7 90.0 89.5 89.5 90.0

Band gap 1.92 1.87 1.89 1.83 1.85

a 5.567 5.577 5.585 5.617 5.630

Ce24M8O60 b 5.537 5.548 5.556 5.587 5.600

c 5.540 5.551 5.560 5.593 5.608

Angles 90.5 91.6 89.7 90.3 91.2 89.9 90.2 90.9 90.1 90.3 90.5 90.5 90.3 90.2 90.7

Band gap 1.76 1.76 1.70 1.72 1.74

The optimized structure parameters are shown in Table 5.2. Ce26M6O61 almost keeps

a cubic structure in contrast to Ce24M8O60. The fully relaxed Ce24M8O60 structures

show significant structural distortions, which is due to the dopants and O vacancies. In

general, the optimized cell size for different dopants reveals a linear relation to the ionic

radius of the dopant [185]. Due to the systematic error caused by the GGA, all lattice

constants increase by around 2.5% comparing to the experimental values. An exception

is Ce26Pr6O61 for which the increase is about 3.5% after the optimization. The average

lengths of the M-O bonds are 2.40 Å, 2.42 Å, 2.44 Å, 2.47 Å, and 2.48 Å for Y, Gd, Sm,

Pr, and La, respectively.

It is found that spin polarized calculations always converge to nonmagnetic solutions.

The reason is that the M ions are trivalent so that Ce is the only tetravalent ion in

charge neutral Ce26M6O61 and Ce24M8O60. However, this is not an issue for the following

considerations, since experimentally the ferromagnetism[57, 58] is also very weak. The

total DOSs is addressed in Fig. 5.3 for different dopants and the two compositions. The

electronic states from −3.8 to 0 eV are mainly due to the O 2p orbitals, where the M d

and Ce 4f orbitals give very small contributions. The Ce 4f states are prominent between
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Figure 5.3: Total DOS for (a) Ce26M6O61 and (b) Ce24M8O60 (M = Y, Gd, Sm, Pr, and
La).

−1.5 and 0 eV and the M d states in the region from −3.1 to −1.5 eV. The states located

between 2 and 3 eV are dominated by the Ce 4f orbitals. Moreover, the band gap is

determined by the top of the O 2p group of states and the bottom of the empty Ce 4f

states. The band gap of Ce24M8O60 is slightly reduced by the fact that Ce 4f states

expand below 2 eV, as highlighted by the arrow in Fig. 5.3(b), due to the structural

relaxation.

In both compositions, each O atom has four nearest neighbor cations, which are either

Ce or dopants. O atoms with four nearest neighbor Ce atoms and three nearest neighbor

dopants are denoted as OCe and OM, respectively. The partial DOSs of other O atoms

show an intermediate state between OCe and OM. Partial DOSs of OM are shown in

Fig. 5.4. It is found that the OM 2p orbital contributes more states than the OCe 2p

orbital in the energy interval from −0.5 to 0 eV, indicating that the M−OM bonds are

less stable than the Ce−OCe bonds. Figure 5.4(c) and (d) show the average M d DOSs

in both compositions, and they are similar except that the former reveals stronger peaks

around −2.5 eV, which is due to the fact that Ce26M6O61 is less distorted and disordered

than Ce24M8O60. The Gd 5d DOS is higher than that of La, Pr, and Sm, because Gd

has the largest electronegativity.
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Figure 5.4: O 2p DOS of atoms with three nearest neighbor dopant atoms in (a)
Ce26M6O61 and (b) Ce24M8O60, and M d DOS in (c) Ce26M6O61 and (d) Ce24M8O60.

To investigate the effects on the ionic conductivity for different dopants, the O migra-

tion energy in Ce26M6O61 is calculated by the NEB method. The O diffusion directions

are sketched in Fig. 5.5. PATH 1 corresponds to an O atom with two dopant neighbors

which moves to the adjacent vacancy site. PATH 2 is for an O atom which has no dopant

nearest neighbor. The total energies of the images along PATH 1 and PATH 2 with

respect to the energy of the initial image are plotted in Fig. 5.6(a). The curves reflect

the symmetry with respect to the saddle point. Figure 5.6(b) addresses the O migration

barriers along the paths for different dopants. Forward and backward directions are indi-

cated by (a) and (b) for each path, respectively. According to the values, it is concluded

that the O migration barrier is influenced by two factors: the ionic radius of the dopant

and the M−O bond strength.

For PATH 1(a), La doping turns out to have the largest barrier of 0.99 eV and Y the

smallest of 0.53 eV. On this path the O atom moves over one dopant atom and breaks

the bond with the other dopant atom. Therefore, the energy barrier is affected by both
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2

Figure 5.5: O migration directions in Ce26M6O61. Green (large light gray) spheres rep-
resent the Ce ions, blue (large dark gray) spheres the M ions, small spheres the O ions,
and black spheres the O vacancies.

factors. Comparing the 5d states of Gd, Sm, Pr, and La in Fig. 5.4(c), it is observed that

the Gd DOS is enhanced as compared to the other dopants, where the La DOS is the

smallest. The DOS indicates that Gd keeps more electrons than the other dopants in the

M−O bonds. Considering the electronegativities of the dopants, Gd (1.2) has a stronger

tendency to attract electrons than Sm (1.17), Pr (1.13), and La (1.1). Hence, the Gd

ionic bonds with O are weaker than for other dopants, where La forms the strongest

bonds. The 4d orbitals of Y are more localized than the 5d orbitals of the other dopants

so that they overlap less with the O 2p orbitals. Thus, the Y−O bonds are weaker than

the bonds involving 5d orbitals. On the other hand, La has a larger ionic radius (1.300

Å) than to Pr (1.266 Å), Sm (1.219 Å), and Gd (1.193 Å) [186]. This explains the trend

which we obtain for the O migration barriers for PATH 1(a), see Fig 5.6(b). The slope

of the curve is large because the ionic radius and bond strength act in a cooperative

manner.

For PATH 1(b) the migration barriers increase from Y to La because the ionic radius

becomes larger. PATH 2(a) goes via Ce and not via a dopant so that the barriers are

not affected by the ionic radius directly but rather by the induced structural distortion.
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Figure 5.6: (a) Total energies relative to the initial images of PATH 1 and PATH 2. (b)
Calculated migration energies (in eV) for diffusion forward (a) and backward (b) along
PATH 1 and PATH 2 in Ce26M6O61 as a function of the ionic radius of the dopants.

On PATH 2(b) the O atom moves over Ce and breaks the bond with the dopant. As

a consequence, the calculated values for the energy barrier reflect the strengths of the

different M−O bonds, as discussed above.

Experiments for Ce0.2M0.8O2−δ demonstrate that under the same experimental con-

ditions La doping yields a worse conductivity than Y doping [182] and that Sm doping

is less favorable than Gd doping [183]. Gd and Sm doped CeO2 both show a larger O

conductivity than Y doped CeO2 [187, 188]. In Table 5.3 this conductivity order is also

indicated by the experimental activation energies. Note that only values from the same

reference can be safely compared. For example, the activation energies of Gd and Sm

in the table cannot be directly compared. In addition, our O migration barriers are in

reasonable agreement with previous results [8, 189–191] based on DFT.

In general, the conductivity in doped CeO2 is mainly an ionic conductivity and there-

fore not only affected by O vacancies but also by the distortion of the crystal lattice[192].

The closer the structure is related to the pure CeO2 lattice, the better will be the ionic

conductivity of the system. The activation energies derived experimentally by the Arrhe-
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Table 5.3: Summary of experimental activation energies and theoretical O migration
barriers for doped CeO2.

Dopant Experimental (eV) Theoretical (eV)

Y 0.90 [182], 0.77 [187], 0.93 [188] 0.92 [189]

Gd 0.90 [188] 0.59 [190]

Sm 0.69 [187] 0.60 [8]

Pr 0.76 [184] 0.78 [191]

La 0.95 [182] 0.62 [8], 0.85 [174]

nius equation include all the factors influencing the conductivity, in particular the lattice

distortion and O migration barriers. As compared to the optimized lattice constant of

5.552 Å of pure CeO2, the results in this study show that Ce26La6O61 is subject to a

significant lattice distortion as well as a higher O migration barrier than other doping

cases. Taking into account the results of Sm and Gd doping, the outcome of the cal-

culations agrees with the experimental finding that La has the worst and Gd the best

impact on the conductivity of Ce0.2M0.8O2−δ. No experimental result is reported which

would directly compare Ce0.2Pr0.8O2−δ to other single doping systems. However, one may

conclude that Ce0.2Pr0.8O2−δ is better than La doping and worse than Sm doping for the

ionic conductivity, according to the lattice constants and migration energies. Y doping

has not been included in the discussion of the 5d elements, because this 4d element shows

distinct differences in its behavior due to the more localized nature of the electronic

states. The experiments seem to indicate that Y doped CeO2 has a lower conductivity

than found for Gd and Sm doping. In our calculations the O migration barrier in that

case is lower. However, this is not a contradiction to experiment, because the vacancy-Y

association energy is higher than for the other dopants [8, 174, 193, 194].
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5.3 Conclusion

Spin polarized ab-initio calculations have been performed for SQSs of Ce26M6O61 and

Ce24M8O60 to describe M doping levels 18.75% and 25% in CeO2. The fully optimized

structures indicate enhanced distortions for increasing concentrations of dopants and O

vacancies. Importantly, these distortions cause the bottom of the empty Ce 4f states

to appear at lower energy. As a result, the band gap slightly decreases. Comparing

to an O atom without dopant next to it, the O 2p orbitals are affected by neighboring

dopants to contribute more states around the Fermi energy. It is revealed that the O

migration energy is influenced by the ionic radius of the dopants as well as the M−O

bond strength. The conductivity order for different dopants in CeO2 (except for Y)

derived from the calculated lattice constants and O migration barriers agrees with the

experiments.
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Chapter VI

Summary

In this thesis, Si, VO2, and CeO2 with point defects (vacancies and/or dopants) are

studied by first principles calculations based on DFT. Semiconductors and transition

metal oxides are very important types of materials because of their wide applications in

industry. Si, VO2, and CeO2 are representative materials in these types.

The point defects and their charge states in Si have a significant influence on the

performance of the electronic device. The formation energies, binding energies, and

electronic structures of the defects are calculated using screened hybrid functional HSE,

which is capable to yield a better band structure of Si than LDA and GGA functionals.

The defects related to impurities O, C, and dopants P, Ge, Sn, and Pb are investigated.

The formation energy of A-center (V O defect) indicates that the charge −2 state may

exist. This inspires the experimental approaches other than electron spin resonance to

detect this charge state of the A-center. The DV O defects consist of isovalent dopants D

(D =Ge, Sn, and Pb) and V O are calculated. The defect with Ge have almost the same

charge states as compared to V O. However, Sn and Pb doping cases show that charge

neutral defects dominate in the most part of the Fermi energy range. It indicates that

SnV O and PbV O defects do not favor to be electron traps. Both Sn and Pb have a large

binding energies with V O defect, and Sn is more soluble than Pb in Si, so doping Sn is

proposed to be a strategy to depress the the concentration of V O defect and improve the
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performance of the device. In addition, PV and PV O defects have been studied. The

results show that the unpaired electrons are well delocalized for the PV defect. For the

PV O defect, the dangling electron mainly arises from the Si next to the vacancy.

HSE calculations result in better agreement with experiments than LDA and GGA

for the energy differences between the A- and B-type CiCs defects, but there is still a

discrepancy, which results from the fact that the distribution of the unpaired spin in A-

and B-type CiCs
−1 is not correctly described. In addition, C-type CiCs with a 〈1 0 0〉 C-C

dumbbell structure is found to be more stable than A- and B-type CiCs by total energy

calculations. This result could draw attention from experiments to detect the C-type

CiCs defect.

Although the present study of the defects in Si has achieved some improvements and

predictions, there is still a long way to go. First, the size of the supercell should be as

large as possible. In this study, the defects are built in a 10 × 10 × 10 Å3 supercell,

and it which equals a defect concentration of 1021 cm−3. Comparing with the typical

defect or doping concentration in experiments (1015-1018 cm−3), this is too high. In a

larger supercell artificial interactions between the charged defects due to the periodical

boundary conditions will be reduced, the effect of the strain induced by the defects can be

found out, and a larger defect complex can be studied. Second, the structures relaxed by

the PBEsol functional are used as input for the HSE calculations in this study. Structures

optimized by HSE can produce better results. Third, whether the spin polarization must

be included in HSE calculations was estimated by GGA calculations, though, it should

be the default for every defect with an odd number of valence electrons. These three

issues are related to limitations of the computation time, and thus are aspects where the

research can be improved in future.

The metal-insulator transition of VO2 has been studied experimentally and theoreti-

cally for many years. The HSE functional produces correct electronic structures for the

M1 and R phases for spin degenerate calculations, but a wrong energetic order. The
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electronic structures turn out to be incorrect when spin polarization is included. An

AFM configuration is the ground state of the M1 phase and a FM configuration that of

the R phase. Varying α, the fraction of Hartree-Fock exchange, α = 10% is proposed as

an optimal value, because the M1 phase has an appropriate band gap and the R phase

remains metallic, although the total energy difference between the two phases is still

wrong, but less.

It is hard to describe the electronic, energetic, and magnetic properties of VO2 si-

multaneously by DFT or methods beyond DFT. The main problem of the conventional

DFT approaches, LDA and GGA, is to yield a correct electronic structure for the M1

phase [116, 148]. LDA/GGA+U and HSE overcome this issue but fail in the energetic

and magnetic properties [127, 128]. Although dynamical mean field theory, the GW ap-

proximation, and the Quantum Monte Carlo method [132, 148, 195, 196] improve the

description of the electronic structures, it is not known that whether they give correct

results for the energetic and magnetic properties. In addition, these methods are com-

putationally too expensive to be employed for a large system. Meta-GGA [148] seems

to succeed in all aspects, but no structure relaxation is available for this method. Since

there is still no ideal method to study VO2, the strategy should be selected according to

the properties which are important for a specific topic.

A relation between the temperature of the metal-insulator transition and the W dop-

ing concentration in VO2 has been formulated. The theoretical results are consistent

with experiments. The error resulting from the strongly correlated V 3d electrons is re-

duced in this calculation scheme. As a next step the influence of the entropy of W doped

VO2 should be taken into account. Then the scheme should be further tested for other

elements, such as titanium and niobium.

CeO2 is a promising material to develop intermediate operation temperature SOFC.

SQSs are used to model the high-concentration rare earth elements doped CeO2. O

migration is influenced by the ionic radius of dopants and the bond strength between
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the O and the cations. This study can be extended to explore if the strain affects the O

diffusion. Furthermore, the O diffusion and the charge transfer at the interfaces between

CeO2 and anode/cathode materials is also an interesting study direction.

HSE functional plays an important role in the research on Si and VO2. The aim

of using this method is to produce a better band structure than the one produced by

LDA and GGA. It yields a band gap which is close to the experimental value for Si

and an insulating ground state for VO2 M1 phase. Nevertheless, we should note that

this functional still has some drawbacks. HSE functional has not been able to deal

with the optimization of the supercell structure with the defects because of the massive

computational time. The calculations of A- and B-type CiCs
−1 defects in Si indicate that

HSE functional does not well describe the delocalization of the electrons.
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